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Abstract
This thesis investigates superelasticity in metastable beta titanium alloys that contain substantial
additions of Mo, principally. Superelasticity arises from a reversible transformation from the β to the
orthorhombic alpha double prime (α′′) phase during loading, which was studied principally using in
situ synchrotron X-ray diffraction at the I12 beamline at the Diamond synchrotron.
Superelastic β-Ti alloys have the potential to be low weight, economical alternatives to NiTi, Gum
metal and Ti-2448 for biomedical, military and aerospace applications. The cubic to orthorhombic
stress induced martensitic phase transformation is reversible but has an associated permanent defor-
mation. Reducing the permanent deformation associated with cyclic strain is key to the commercial
use of these alloys. The effect of β stability on the SE recovery of Ti-Mo, Ti-Mo-Al and Ti-Mo-O
alloys has been investigated. Superelastic behaviour was recreated using cyclic strain whilst being
examined under in-situ synchrotron X-ray diffraction. Study of the superelastic phase transformation
was carried out in-situ due to the reversible nature of the transformation causing the superelastic
phase to largely disappear upon unloading. The superelastic behaviour is shown to be sensitive to β
stability and in turn composition and temperature. The addition of aluminium and oxygen can be
used to enhance both superelastic recovery and strength.
The alloys were designed using Morinaga’s orbital design approach combined with Laheurte’s
average valence electron values, tailoring the bond order (Bo) and electronegativity (Md) in order
to alter the method of deformation and phase stability. The third alloy design factors considered
concern the effect of alloying on the C ′ modulus of the β, the ω stability and martensite transformation
temperatures. Together these methods, whilst semi-empirical, provide a rational basis for alloy design.
Both the lowered stiffness and lower apparent stiffness associated with the design method and the
transformation respectively could lead to lowering the stiffness of beta Ti alloys towards that of cortical
bone. This would reduce the stiffness mismatch that promotes bone re-absorption around surgical
implants, reducing the need for implant replacements. Also, the recent developments in eradicating
the residual strain associated with the transformation has led to interest from the aerospace industry
for possible (high temperature) damping applications.
The Ti-Mo binary mechanical curves show a correlation between the apparent yield stress and
composition. An increase in Mo concentration from 7.2 at.% was shown to decrease the yield stress
to a minimum at 8.2 at.% Mo, after which the yield stress increased. Out of the 5 binary samples,
Ti-8.7Mo at.% showed the best superelastic recovery with a recovery of 1.58% strain for a total
strain of 2.3%. The yield stress minima is indicative of the composition at which Ms is closest to
room temperature. Ti-8.2Mo at.% has the lowest apparent yield stress and Ti-8.7Mo at.% has the
largest SE recovery; this correlates well with the theory that the best superelastic behaviour should
be observed for an alloy whose composition places it just above As at room temperature.
Al additions, which promote the α phase, were found to significantly improve the superelastic
behaviour. Al also acts to suppress the ω phase. The ternary alloy Ti-8.1Mo-5Al at.% showed a
95% strain recovery from a total strain of 1.6% at room temperature. Oxygen behaved as a solution
strengthener increasing the yield stress and the associated elastic recovery without impeding the
austenitic strain recovery transformation. The addition therefore improved both the apparent yield
stress and the SE recovery.
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Chapter 1
Introduction
When loaded, materials tend to strain elastically up to a strain limit, beyond which, in order to
accommodate the strain, conventional plastic deformation mechanisms and or phase transformations
take place. In 1932, Olander et al. observed a strain induced transformation in Au-Cd, whereby,
beyond the elastic limit, the strain was accommodated by a strain-accommodating phase transfor-
mation. The transformation was displacive, requiring the coordinated movement of numerous atoms
by a fraction of an atomic bond length. The combined displacement allowed for macroscopic strain
accommodation. In 1938, the phase transformation was induced thermally by Greninger and Moora-
dian in Cu-Zn. It was shown that the transformation was reversible, leading to macroscopic strain
recovery. This behaviour is referred to as shape memory. Beuhler et al. observed shape memory in the
equi-atomic intermetallic NiTi which was later commercialised by the United States Naval Ordinance
Laboratory in 1962 under the name Nitinol. The transformation can also be induced magnetically in
ferromagnetic shape memory alloys and shape memory polymers became commercially available in
the 1990s [1]. A material which undergoes a reversible strain accommodating phase transformation
is referred to as a superelastic material.
Superelastic alloys undergo an apparent yield stress, associated with the superelastic (SE) phase
transformation, and subsequently a yield stress at the onset of plastic deformation. The plateau region
between the two stresses is one of constant load. The orthodontist industry utilises this property in
NiTi. The wire used to apply load to teeth is loaded to well within the plateau region so that as
the teeth move, and in turn the wire shortens, the load subjected by the wire on the teeth remains
the same. This reduces the number of times the wires have to be tightened and in turn the costs
and inconvenience associated with orthodontic procedures. NiTi has also been used for orthopaedic
implants due to the low stiffness associated with SE alloys. Implants require low modulus, low
weight, biocompatible alloys. An issue with non-SE materials, currently used for implants, is bone re-
absorbtion due to stress shielding, caused by a stiffness mismatch between the material and the bone.
An alloy which was thought to have solved that problem was superelastic NiTi; however, due to nickel
hypersensitivity, a nickel free replacement had to be developed. Research on the eradication of toxic
elements from SE alloys used for implants has led to significant developments in Ni-free SE alloys.
The weight and cost savings associated with the removal of nickel, combined with improvements in
strength, superelastic strain and cycling stability have now made the alloys commercially viable for
aerospace. The materials characteristics for aerospace applications, including high specific strength,
fatigue, creep, cost and ductility should therefore be studied and improved where possible. In order
to optimise these properties it is important that the transformation associated with SE behaviour is
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understood.
The motivation for this project, as outlined in the Energy Absorbing Microstructures research
proposal by Dr. David Dye, is to develop cheaper and lower density superelastic titanium alloys.
This will be achieved by furthering understanding of the microstrucutral transformation associated
with superelastic (SE) behaviour in titanium alloys. My predecessors’ work involved analysing the
superelastic deformation mechanisms in GUM metal and NiTi using synchrotron X-ray diffraction
(SXRD). GUM metal and NiTi are titanium alloys which undergo a reversible displacive transforma-
tion leading to an increased recoverable strain. This strain is referred to as superelastic strain and
any alloy which undergoes superelastic strain is said to behave superelastically. The SE properties of
NiTi are both significant and predictable. This has led to NiTi being used in numerous applications,
mainly as an implant material. Nickel hyper-sensitivity has led to the development of nickel free
superelastic alloys. GUM is a nickel free superelastic alloy. GUM isn’t a set composition but a range
of compositions which combined satisfy a few specific criteria. These composition dependent criteria
have been analysed and as such the compositional ranges are being tailored to improve either cyclic
stability, transformation stress, yield stress, stiffness, elastic, transformation and plastic strain, and
or hysteretic behaviour.
In order to further our understanding, solely of the displacive transformation associated with
superelasticity, SE behaviour in as simple a system as possible was investigated in this study. Supere-
lasticity has been observed in several binary titanium systems, including Ti-V, Ti-Nb, Ti-W, Ti-Mo
and Ti-Ta. The reason these systems display SE behaviour is because the additions are isomorphous
beta stabilisers. GUM metal often consists of a combination of tantalum, niobium and vanadium.
Numerous research groups have concentrated on the Ti-Nb binary system and shown significant im-
provements in SE behaviour using various thermomechanical treatments. The behaviour has been
shown to be very sensitive to microstructure and in turn composition. Numerous groups have in-
vestigated the effects of successive additions of elements which has inevitably led to quaternary or
quinary systems, in some cases GUM metal. It is important to note that the transformation associ-
ated with superelasticity in all of these systems is currently assumed to be fundamentally the same.
Moreover, the transformation in these titanium alloys is analogous to the transformation in NiTi and
yet significantly different, as will be explained.
The binary alloys studied in this thesis were titanium-molybdenum alloys. The addition of alu-
minium and oxygen as ternary additions was also investigated. Ti-Mo is a well understood binary
system and is analogous to the Ti-Nb system. Reproducing effects shown in Ti-Nb should allow us to
study the transformation whilst either confirming or challenging the reproducibility of compositional
effects on SE behaviour.
The analytical method of choice for investigating the microstructural transformation of polycrys-
talline alloys was synchrotron X-ray diffraction. SXRD allows time-of-flight high energy diffractometry
on a sample being strained. Due to the reversible nature of the transformation, analysing the sample
at stress is critical. The high energy allows for beam penetration of our 1.5 mm thick samples in turn
allowing for analysis of a grain interaction volume, of thousands of grains, which is representative of
the entire sample and conveniently of a commercially viable product.
The following chapter reviews literature associated with superelasticity in titanium alloys. The
review starts with a brief summary of the more fundamental properties of titanium and its phases.
This section also includes the compositionally dependent criteria which are tied to the electronic
structures of the elements. These values have been shown to be very useful when designing beta
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titanium alloys and as such have been used by numerous groups. SE behaviour in titanium relies
on a martensitic phase transformation. The martensitic compositional and thermal phase boundaries
are discussed. The remainder of the chapter consists of investigations on thermal and compositional
variations on the mechanical behaviour of SE titanium alloys; concluded by a phenomenological model
used to calculate several key parameters of the austenite and martensite phase using solely their lattice
parameters.
The experimental chapter describes the intricacies of SXRD experiments and outlines the compu-
tational analysis of the resulting data.
The SXRD data acquired in this thesis has all been obtained at the Diamond Light Source in
Oxfordshire. This facility was opened to the public in 2007 with all 32 beamlines planned to be
operational by 2017. This study includes data from four visits to the site allowing for SXRD tailored
alloy development. In-situ SXRD allowed for the observation and analysis of the martensitic and
austenitic transformation in polycrystalline samples during loading and unloading respectively. The
results have been separated into three chapters. The effects of varying molybdenum content in Ti-Mo
binaries on SE behaviour is discussed in chapter 4. SE behaviour was recreated in Ti-Mo binaries and it
is shown that the behaviour is highly sensitive to composition. In chapter 5 the effects of aluminium
and oxygen as ternary additions on SE behaviour is discussed. The aluminium and oxygen have
significant effects on the β stability and can be used to improve SE behaviour. In the final results
chapter, the cyclic behaviour of Ti-Mo-Al alloys is discussed. Finally, chapter 7 summarises key
observations and conclusions, and areas of interest for further research.
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Chapter 2
Literature review
In order to understand the superelastic transformation in metastable beta titanium it is important to
understand titanium and superelasticity. Titanium is an allotropic metal with numerous metastable
phases. Strains accommodated by a transformation from one metastable structure to another al-
lows for superelasticity. In order for the necessary phases to be meta stable at room temperature it
requires at least one alloying addition. The simplest system in which to study SE Titanium is there-
fore a binary system. The works of other groups on superelastic titanium binary alloys, including
microstructural reasoning for the superelastic behaviour, will be discussed. The thermomechanical
production methods used by most of the groups investigating superelasticity in meta stable beta ti-
tanium are identical. It has become apparent that the martensitic start temperature is a point of
contention which is highly significant. Another recurring theme amongst groups is the use of the
orbital design method used to predict the expected phases at room temperature using only alloy
compositions. The phenomenological WLR theory used to calculate the orientation relationship and
distortion associated with the superelastic transformation, using solely the lattice parameters of the
parent and transformed structures, is also explained. In an attempt to improve SE behaviour many
more complex alloy systems than simple binaries are being analysed. Though many ternary, quater-
nary and quinary additions have been investigated this work attempts to simplify the composition
in order to more clearly understand the effects of a binary addition, molybdenum, and subsequently
a ternary addition; in this case aluminium and oxygen. The addition of aluminium to Ti-Mo has
previously been proven to be effective. Also, due to the high affinity of titanium for oxygen, it is
important to understand the effects of oxygen. The review goes on to analyse the compositional and
thermomechanical effects on SE behaviour of numerous superelastic titanium alloys.
2.1 Titanium
Though discovered in 1791, titanium and its alloys were not used structurally until the late 1950’s
when commercialised for high temperature, light weight aerospace applications [2]. This was mainly
due to the high cost associated with the extraction of titanium from its ores. Titanium alloys can be
tuned to give high strength and or low modulus. This combined with biocompatibility, high corrosion
resistance, low density and high strain rate recovery, make metastable β titanium alloys ideal for
numerous medical, military and aerospace applications [3].
Titanium is allotropic, at high temperature the stable phase is a body centred cubic phase, called
β. Below the transition temperature the stable phase is a hexagonally close packed phase, α. The
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transition temperature between α and β, referred to as the β transus, can be altered by alloying, as
explained in section 1.3. The structures and orientation relationship of the two phases can be seen in
figure 2.1. Commercially, titanium is sold as α, β or α+β titanium alloys, combining the strength and
ductility of the two phases. The morphologies and volume fractions of the two phases can be tailored
to suit various applications. This can be achieved by thermomechanical processes and alloying. The
alloys of interest for this project are metastable-β titanium alloys due to their potential to nucleate
α′′; a phase deemed necessary for titanium’s superelastic behaviour. Metastable β alloys are alloys
in which alloying additions have suppressed the β transus temperature to below room temperature.
Metastable β titanium alloys have shown strengths of 1600 MPa, fully recovered strains of up to 4%[4]
and moduli as low as 30 GPa [5].
b
a
c
a
b
c
Figure 2.1: A schematic adaptation of the bcc beta and hcp alpha phase in Ti and their {110}||{0001}
orientation relationship [2].
Titanium is a well researched metal and therefore most binary phase diagrams are well charac-
terised. For example, Phase Diagrams of Binary Titanium Alloys by Joanne L. Murray [6] includes
the phase diagrams for all the elements depicted in figure 2.2. The figure shows five schemes of clas-
sification for the depicted elements. A more intricate scheme of classification has been produced by
Molchanova (1965) and later reported by Collings (1984) [2] and Banerjee and Mukhopadhyay (2007)
[7].
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Figure 2.2: Classification scheme for titanium binary alloys, inspired by Collings [2]. The section of the
periodic table shows the elements for which the binary phase diagrams [6] were studied. There were
five main categories: β isomorphous (red) and eutectoid (orange), α peritectic (blue) and peritectoid
(light blue), neutral (yellow) and imiscible (grey). The isomorphous category was divided into three
separate subcategories shown in figure 2.3. The figure also shows the e/a values, explained in section
2.4, above the featured segment of the periodic table.
The elements are either β stabilisers, α stabilisers, neutral or imiscible (or negligibly miscible).
The stabilising elements can be categorised into isomorphous or eutectoid β stabilisers and peritectic
or peritectoid α stabilisers. The isomorphous β stabilisers were further subcategorised to include
monotectoid and peritectic isomorphous β stabilisers. Isomorphous β stabilisers are completely soluble
L
β
α
L
β
α
Nb, Ta Re, Ru, Os, Rh
α
α+β’
L
β
V, Mo, W
a) b) c)
Figure 2.3: The subcategorised isomorphous β stabiliser binary phase diagrams, showing temperature
vs. stabiliser content. a to c the stabilisers are isomorphous, monotectoid isomorphous and peritectic
isomorphous stabiliser systems, respectively. In (b), β′ is the solute-rich spinodal decomposition
product of the high temperature β phase.
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in Ti and stabilise the bcc structure. Eutectoid stabilisers, however, have a solubility limit in β Ti.
Zirconium and Hafnium have been categorised as neutral due to initially being β stabilisers and
subsequently destabilising the β phase with increasing concentration. It could be argued that they are
β stabilisers due to the elements stabilising the β phase under 40 or 20 at.% respectively. The phase
diagram for tin suggests the transformation from α to β is more complex than for the other systems
shown and as such cannot be placed into one of these categories. Banerjee and Mukhopadhyay suggest
that the monotectoid isomorphous β stabilisers should not “in reality” be termed isomorphous due to
the miscibility gap. The monotectoid reaction is said to be β decomposing into Ti-rich β1 and solute-
rich β2 [7]. They state that the binary systems which exhibit this miscibility gap are Ti-V, Ti-Mo,
Ti-Nb and Ti-W. However, the phase diagram presented by Murray suggests Ti-Nb does not undergo
a monotectoid reaction and therefore Nb is simply an isomorphous β stabiliser. These authors also
state that Re is an isomorphous stabiliser. The element is not completely soluble in β but is soluble
up to ∼40 wt.%. By the same standards Tc, Ru, Os and Rh should be classified as isomorphous β
stabilisers which are soluble in β up to ∼20 wt.% and are similar peritectic systems. It can be seen
from figure 2.3 that the monotectoid stabilisers are completely soluble in β for a certain temperature
range. Also, in practice, the content of the peritectic isomorphous β stabilisers would be limited by
cost or weight before the solid solubility limit of the element in β was reached. Therefore, for the
purpose of this research V, Mo and W will be referred to as monotectoid isomorphous β stabilisers and
Re, Ru, Os and Rh as peritectic isomorphous β stabilisers. In conclusion, the phase diagrams suggest
Nb and Ta are the only truly isomorphous β stabilisers but that for the purposes of commercially
viable SE mβTi the elements of choice are V, Nb, Mo, Ta and W.
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Figure 2.4: Phase diagrams of Ti-Ni, Ti-Mo and Ti-Nb. Redrawn from the ASM Handbook [8].
Figure 2.4 shows the phase diagrams of Ti-Ni, Ti-Mo and Ti-Nb. In nickel titanium the equi-
atomic NiTi intermetallic behaves superelastically. As can be seen by the solubility limits in figure 2.4
the variation in binary composition is fairly limited. Ti-Mo and Ti-Nb behave superelastically at room
temperature at ∼9 and ∼26 at.% respectively. The phase change associated with superelasticity in
the equi-atomic nickel titanium binary involves a transition between β(Ti) and the monotectoid phase
NiTi. In titanium alloys with an isomorphous β stabiliser, for example niobium or molybdenum, the
transition is from β(Ti) to the martensitic phase α′′. In order for the beta phase to exist at room
temperature the concentration of the β stabiliser has to be adequately high to retard the β to α
transformation on cooling. The α nucleation is retarded both by increasing the stability of the β
phase and reducing the time allowed for diffusion by quenching. The phase classification for the
resulting alloy is a meta stable β titanium alloy. The temperature at which the α phase will begin to
nucleate will depend on the extent of compositional β stabilisation. The SE transformations in nickel
titanium and in mβTi will be discussed in more detail in section 2.5.
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2.1.1 Metastable beta titanium
Metastable beta titanium alloys are often commercially referred to as β alloys. This is because, if
used at ambient temperatures, the alloy will remain in its β structure. A metastable β titanium alloy
is one which fully retains the β structure upon air cooling of thin sections [9]. Most phase diagrams
allow us to calculate phase fractions for alloys in equilibrium. In the case of quenched samples and
metastable phases, quenched phase diagrams have to be used. Figure 2.5a is an illustration of a β
stabiliser phase diagram and figure 2.5b shows an empirically deduced quenched phase diagram to
the titanium molybdenum binary. There are numerous metastable phases in mβTi. These include
both athermal and isothermal omega, beta prime, alpha prime and alpha double prime. Alpha prime
and alpha double prime are martensites and as such there is a martensitic start (Ms) and finish (Mf )
temperature. Alpha prime and alpha double prime and athermal omega are quenching products.
Isothermal omega is induced by ageing. βm denotes the point in concentration beyond which the
alloy is deemed meta stable and as such is the concentration beyond which the nucleation of quenched
induced martensite phase has been suppressed. Beyond this point the remaining structure will consist
solely of β and athermal omega. A further increase of stabiliser content will suppress omega nucleation
completely and as such the alloy will have solely a β structure. These structures will remain until
a stimulus causes a phase transformation. The structure of the stress induced product is a topic of
debate with the options including omega [10], α′′ and even alpha triple prime[11, 12]. The stimuli
include magnetism, temperature and strain. The results of this study conclusively show that the
strain induced phase associated with superelastic behaviour in Ti-Mo is α′′ and as such section 2.3 has
been dedicated to the martensitic phase boundary. The energy required to transform the structures
will depend entirely on the stability of the phases. This in turn is dependent on temperature and
composition. The strain-induced products rely on the β phase being unstable enough to transform
and as such the compositional range starts where the β phase becomes metastable and ends where it
is stable enough to deform plastically rather than changing phase.
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Figure 2.5: a: Schematic phase diagram of β stabilised titanium showing the range of metastable and
stable β titanium. Note that the Ms and Mf lines are assumed to be the same and that metastable
β alloys are prone to ω and β′ decomposition. Redrawn from references [13, 14] by Bania et al. and
Oka et al.. b: Magnified view of the Ti-Mo phase diagram, which shows that Ti-Mo is metastable
from 4at.% (∼8 wt.%) and that a stress induced product appears between 4 and 9 at.% Mo. Redrawn
from reference [15] by Oka et al..
The lattice parameter for β in commercially pure titanium at room temperature is 3.26 A˚. It is
not possible to attain a β structure at room temperature in CP Ti and as such the lattice parameter
it calculated by measuring the lattice parameter at high temperature and correcting for thermal
expansion or by stabilising the β phase using the addition of a β stabiliser and correcting for the
change in lattice parameter caused by the addition using the rule of mixtures. The group spacing of
β is Im-3m. Alpha has a hexagonal close packed structure with space group P63 mmc and lattice
parameters a=2.95 A˚ , c=4.686 A˚. The martensites, α′ and α′′, form on quenching due to a lack of
time for the diffusional allotropic transformation. The structure of alpha prime is identical to that
of the α phase but the orientation relationship between the β and the α′ phase is different. This
allows for an increased solid solubility which leads to higher β stabiliser content in the α′. Beyond the
solubility limit of α′ quenching causes α′′ to form. Alpha double prime has an orthorhombic structure
with lattice parameters which are highly dependent on stabiliser content, varying from the diagonal
of the β parameters to the basal parameters of the α structure. The orientation relationship between
α′′, β and α can be seen in figure 2.7. The orientation relationship between β and α′′ is roughly
(110)β||(020)α′′ and (011)β||(111)α′′ [16]. Also in the figure is the change in α′′ lattice parameter with
β stabiliser content, in this case molybdenum. The lattice parameters of α′′, β and α for Ti-8Mo wt.%
have been listed in table 2.1. The orientation relationship between β and α′′ is such that if the β
phase transformed to the α′′ phase without dilation, lattice parameters b and c of the α′′ phase would
be equal to
√
2× aβ. The distortions required for the transformation can therefore be calculated by
comparing the α′′ lattice parameters and the diagonal β lattice parameter. The distortions were 0.98,
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1.08 and 1.01 for a, b and c, or the strains required to transform from β to α′′ required a 2% reduction
in a and an 8% and 1% increase in b and c. The composition at which the lattice parameters converge
to the β parameters is ∼16 wt.% (8.7 at.%).
α′′ is a C-centred orthorhombic with a Cmcm space group. The atoms are located at 000, 12
1
2 0,
0 1-2y 12 and
1
2
1
2 -2y
1
2 [17, 18, 19] as shown in figure 2.6. The magnitude of the Whykoff shear for
Ti-Nb is y=∼0.2 [18]. The hcp, bcc and orthorhombic structures can be produced by varying b/a,
c/a and y [20]. An ideal hcp structure is obtained when y=16 , b/a=
√
3 and c/a=
√
8
3 . A bcc structure
is obtained when y=14 , b/a=
√
2 and c/a=
√
2.
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Figure 2.6: Illustration showing the Whykoff shear in α′′ (y=0.2).
As shown in figure 2.5, beyond the solubility limit of α′′ the quenched alloy contains β + ω. Oka
Muneo and Yoshiyuki Taniguchi showed that for this compositional range, from 8-16.7 wt.%, a phase
transformation could be stress induced [15, 21]. When quenched, this compositional range is in the
form of β + ωath structure. The ω phase and it’s effect on SE behaviour is therefore important.
Table 2.1: Lattice parameters of α′′, β and α in Ti-8Mo wt.% by Manatani et al. [22]. The distor-
tions of the lattice parameter and diagonal of the cubic lattice parameter required for the β to α′′
transformation have also been listed.
a ( A˚) b ( A˚) c ( A˚)
α 2.954 4.612
β 3.261 (
√
2a = 4.612)
α′′ 3.201 4.983 4.658
β to α′′ 0.98 1.08 1.01
Isothermal and athermal ω are formed by ageing and quenching respectively. The phase causes
embrittlement and as such the nucleation of ω has been a key commercial concern. A certain amount
of ω appears to improve SE behaviour significantly, however, It is not yet clear whether it is the β
stability of the compositional range which accommodates ω, or the ω precipitates themselves which
contribute toward the behavioural improvements. The omega phase forms by the collapse of two (111)
planes in the β structure [7] with each atom only having to move a sixth of a an ω c lattice parameter
[2]. The phase forms in both the cuboidal and ellipsoidal form. In binary alloys the morphology and
the stability is related to the misfit between the precipitate and the matrix [24]. Figure 2.8 illustrates
the 0001ω||111β orientation relationship. Due to the small lattice strains required to transform from
the β structure to the ω structure, the structure will fluctuate between the two at high temperature.
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Figure 2.7: left: Illustration showing the orientation relationship between β, α and α′′. right: The
lattice parameter of α′′ versus molybdenum content in titanium [23].
Once quenched ω precipitates will freeze in the matrix. Omega precipitates can be down to tens of
nanometers in size, therefore they are not always detectible by optical microscopy, scanning electron
microscopy or lab X-ray. They can however be observed using transmission electron microscopy and
synchrotron X-ray diffraction techniques. Isothermal ω forms on ageing, ageing with the purpose of
forming ω tends to be done at 300 ◦C, however, ω will form at lower temperatures. Isothermal ω is a
Ti-rich phase [25, 26], it has zero solid solubility and as such the formation of omega causes changes
in stabiliser concentration in the immediate surrounding matrix. The effects of ω on SE behaviour
will be discussed.
h
k
l
a) b) c)
<111>β
Figure 2.8: Illustration showing the orientation relationship between β and ω with section b and
c showing the formation of ω via the collapse of the β structure in the < 111 > direction. An
unpublished illustration by N.G. Jones.
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Table 2.2: βm, concentration required to stabilise metastable β Ti, molybdenum equivalence and alloy
influence on the β transus [13].
βm (wt.%) ∆Tβ (
◦C/wt.%) Moeq (wt.%)
Mo 10.0 -8.3 1.00
V 15.0 -5.5 0.67
W 22.5 -13.8 0.44
Nb 36.0 -10.6 0.28
Ta 45.0 -15.6 0.22
Fe 3.5 0 2.86
Cr 6.5 -2.8 1.54
Cu 13.0 -5.6 0.77
Ni 9.0 4.4 1.11
Co 7.0 3.3 1.43
Mn 6.5 4.4 1.54
Si - 21.1 -
Beta stability
An alloying addition will stabilise either the β or the α phase dependent on the elements’ atomic
structure. Body centred cubic molybdenum, for example, will stabilise the bcc β phase. The phase
stabilised by the addition can be distinguished by the effect on the β transus temperature. If the
addition lowers or raises the transus temperature it is a β or an α stabiliser respectively. Different
elements stabilise either the β or the α phase to different extents. The stabilising does appear to
be linear and the effect of multiple stabilisers is cumulative. As such β stability can be relatively
quantified. The most popular unit of β stability is molybdenum equivalence in wt.% (Moeqwt.%) [9].
Both the effect on the β transus and the molybdenum equivalencies of common alloying additions
have been listed in table 2.2. Roughly ten weight percent molybdenum will allow for the full retention
of the β phase when quenched to room temperature. The addition of aluminium would stabilise the
α phase to the extent that an addition of ten weight percent aluminium would completely counteract
the β stabilisation of molybdenum; it has an equivalence of -1Moeqwt.%.
Figure 2.9 shows the time temperature transition diagram for Ti-15Mo wt.% (8.1 at.%) showing
that the alloy has to be quenched in 24 seconds in order to fully retain the β phase[27]. If the alloy
is cooled just below the transus at ∼730 ◦C, in more than five minutes, β would not be fully retained
and the alloy would have a β+α structure. According to the figure Ti-15Mo can be quenched to fully
retain β. It is more likely that if quenched faster than 24 seconds the ω phase is present but difficult
to detect.
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2.2 Electronic structures
The mechanical properties of metals depend largely on their microstructures. Microstructures are
known to be sensitive to temperature, pressure and composition. It has been shown that the atomic
structure of the alloying elements, significantly affect the polyatomic interactions and as such deter-
mine the microstructure and the deformation mechanisms. Various trends have been spotted allowing
the crude prediction of microstructure and deformation mechanisms, knowing only the composition
of the alloy. The values directly associated with these predictions, described in this chapter, are the
bond order (Bo), the metallic average molecular d-orbital level (Md) and the valence electron number
per atom e/a.
The following sections will describe the derivation process for the parameters and explain the
development of the Bo-Md map, which can be more intuitively used to make predictions regarding
the structure and potential deformation mechanisms in titanium alloys. The significance of the e/a
value will then be related to the Bo-Md map.
Saito et al. showed the association between these parameters, referred to as ’the magic numbers’
and the ability to set compositional windows for their newly developed GUM metal which was as-
sumed to undergo an ideal shear transformation [28]. This shear transformation was suggested to
be responsible for the superelastic properties of the alloys. Though the ideal shear mechanism was
later disproved the concept of designing superelastic alloys using the parameters is still being pursued.
Oxygen has been shown to be a significant factor in the errors associated with the predictions. GUM
metal will be discussed further in section 2.6.
2.2.1 Molecular orbital design method
In 1988 Morinaga et al. developed a design method which allowed the prediction of the titanium
alloy type, α, α+ β, or β. For β alloys, the parameters can be used to predict whether the preferred
deformation mechanism will be slip or twinning [29, 30, 31]. The design method is based on the
discrete-variational (DV) Xα cluster method [32][33]. This model calculates the interaction energy
between electrons referred to as an exchange correlation using the electron density and a parameter
α which is fixed at 0.7 as shown in equation 2.5. The self-consistent charge approximation is used
whereby the exchange-correlation energy at a certain point is equal to the exchange-correlation energy
of a uniform electron gas that has the same density at that point [34].
Material bonds are covalent, ionic or metallic. Though metallic bonding involves the sharing of
electrons, it is not strictly covalent bonding because the shared electrons are not confined to nuclear
orbitals. Instead they are free to move around the atomic array and as such behave as a cloud of
mobile electrons leading to, amongst other things, high conductivities. The electrons available for
bonding are referred to as valence electrons. These electrons are more available to bonding as they
are further away from the nucleus and in turn require less energy to be separated from their nucleus
or have lower dissociation energies. For a single atom the dissociation energies or orbital energy
levels are discrete and constant for electrons in the same orbitals. Predictions are made as to the
position of electrons using probability wave-functions. The results of these wave-functions are in the
form of orbitals within which the electrons preside. The Aufbau principle suggests an order by which
consecutively added electrons would arrange themselves. The first four of these orbitals are the K,
L, M and N orbitals which are associated with the first quantum number n, in this case 1, 2, 3
and 4 respectively. These shells consist of sub-shells which are associated with the second quantum
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number l. The order in which these subshells, and in turn shells fill is defined by the Aufbau and the
Pauli exclusion principles. The Pauli exclusion principle states that only two electrons, one of each
spin state +12 or -
1
2 , can occupy a single suborbital. The Aufbau principle constructs the electron
configurations of elements by adding one electron at a time and stating that the latest electron will
be situated in its lowest possible energy state with respect to the nucleus and the previously added
electrons. The Aufbau Diagram, figure 2.10, shows the order in which electronic sub-shells fill.
The s suborbital can accommodate 2 electrons, the p 6 and the d orbital 10 electrons. As such
the ground state of all elements can be expressed as a string of orbitals, for example the ground state
of a titanium atom is 1s22s22p63s23p63d24s2 or [Ar]3d24s2. Note that the 3d orbital is not complete
and yet two electrons have filled the 4s orbital. This is because in this case the 4s energy state is
lower than the 3d energy state. The Aufbau principle is therefore a good guideline but not completely
accurate for transition metals. The energy states are often depicted in an energy structure diagram in
which the energy varies linearly, usually decreasing up the page so that the lowest energy states, the
ones furthest from the nucleus, are at the top of the diagram. The Fermi level or Fermi energy is the
energy level which has 50% occupation probability. As the number of protons in a nucleus increases
so does its attractive force, in turn the electrons are closer to the nucleus and the dissociation energies
increase, lowering the energy state lines in the diagram.
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Figure 2.10: Aufbau Diagram showing the order in which sub-shells fill up to remain in the lowest
energy state as set by the Madelung rule and a schematic representation of a titanium atom and its
electron shells. The table shows the outer two sub-shell configurations of the first period of transition
metals and Zn.
In polyatomic systems the electrons on neighbouring atoms will interact. The degree of the
interaction is dependent on the inter atomic spacing and the atomic structure. Electrons of similar
energies can form molecular orbitals which are either bonding or anti bonding.
As with atomic orbitals, the lowest energy molecular orbitals are always filled first, again with two
electrons per orbital. In diatomic or polyatomic systems numerous energy states can have the same
energy. In the case of an electronic structure diagram depicting molecular orbital energy levels, the
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orbitals of the same energy are depicted as a single line labelled with the number of identical energy
bonds as e for double or t for triple bonds.
For linear bonds these bonds are referred to as sigma or pi bonds dependent on the alignment to
the nuclear axis. If the sum of the bonding and anti bonding bonds result in a higher energy state,
then the bonds will not form. If the bonded state is one of lower energy, then the bonds will form.
In diatomic hydrogen, for example, H will form a bond because both electrons, one from each atom,
will occupy the bonding molecular orbital which has a lower energy state than the sum of the two
electrons in their 1s orbitals. In the case of He however two electrons would fill the bonding molecular
orbital and two would fill the anti bonding molecular orbital leading to a net increase in energy and in
turn to no bond being formed. The bond order (Bo) is the number of electrons occupying molecular
bond orbitals minus the number of electrons occupying anti bonding orbitals divided by two. In the
case of H for example the bond order is (2 − 0)/2 = 1. In the case of a CC bond the bond order is
1, 2 or 3 for a single, double and triple bond respectively. Bo is related to inter-atomic bond lengths
and bond strengths. The bonds referred to are the metallic bonds between the matrix atoms, in our
case the Ti-Ti bonds and the matrix to alloying addition bond, for example the Ti-Mo bond.
The modelling of energy levels and bond orders in polyatomic structures is complicated and
requires computational iterative processes. These processes and many of the fundamental principles
associated with them are well explained in Atkins’ Physical Chemistry. The definition of the density
functional theory (DFT) which follows is a summary of his explanation. The most popular method
currently is the DFT as it is in better agreement with experimental results obtained for d-metals.
Instead of using wave-functions, as was conventional in for example the Hartree-Fock equations, this
theory uses electron density.
The energy of the molecule is a function of the electron density E(ρ) and the density is a function
of the the position ρ(r). The exact ground state energy of an n-electron molecule is given by:
E[ρ] = EK + EP ;e,N + EP ;e,e + EXC [ρ] (2.1)
where EK is the total electron kinetic energy, EP ;e,N the electron-nucleus potential energy, EP ;e,e
the electron-electron potential energy and EXC [ρ] the exchange correlation energy, which takes into
account all the effects due to spin. The electron density is the summation of the orbitals for N valence
electrons where the orbitals are calculated by using an iterative process to find the minimum orbital
energies using Kohn-Sham equations.
ρ(r) =
N∑
i=1
|Ψi(r)|2 (2.2)
where Ψi is the wave-function related to electron i and r is the radius from the nucleus. The
wave-function defines the shape of the electron’s orbital, or the three dimensional plane where upon
the electron is most likely to preside. The energy of the electron is constant for any position on
this orbital. Kohn-Sham equations are similar to the Hartree-Fock equations except that they add
an exchange correlation which is associated with the interatomic interaction. The energy equation
including the exchange potential is as follows:
26

EK︷ ︸︸ ︷
h2
2me
∇21−
EP ;e,N︷ ︸︸ ︷
N∑
j=1
Zje
2
4pi0rj1
+
EP ;e,e︷ ︸︸ ︷∫
ρ(r2)e
2
4pi0r12
dr2 +
EXC [ρ]︷ ︸︸ ︷
VXC(r1)
Ψi(r1) = iΨi(r1) (2.3)
The energy of the molecule is a function of the electron density which in turn is a function of
the radius. A function of a function is termed a functional. The exchange-correlation potential is
therefore said to be a functional derivative of the exchange-correlation energy:
VXC [ρ] =
δEXC [ρ]
δρ
(2.4)
The initial values for the iterative process are local-density approximations where the exchange-
correlation energy per atom is set for a homogenous gas of constant density. The process is repeated
till the electron density and the exchange-correlation reach a constant within a set tolerance.
Morinaga states that the electronic structures used are calculated using a discrete-variational
cluster method and that an exchange correlation between electrons is included by means of a local
exchange correlation potential (VXC) which has been calculated using the self consistent approxi-
mation. The cluster model incorporates the atomic structure into the energy calculations. Their
exchange-correlation potential is calculated as follows:
VXC = −3α[ 3
8pi
ρ(r)]
1
3 (2.5)
Where, ρ(r) is the electron density and α is a parameter fixed at 0.7.
[32]
The results were calculated for the bcc and hcp structures in which a the central Ti atom in the
cluster is replaced with a d-metal atom. The central atom is surrounded by either 8 first-nearest-
neighbour atoms and 6 second-nearest-neighbour atoms in the bcc configuration or 12 near-neighbour
atoms and 6 second-nearest-neigbour atoms for the hcp structure. The lattice parameters used for
their calculations were a=0.3320 nm for the bcc structure and a=0.295 nm and c=0.4683 nm for the
tcp structure.
The resulting level structures, shown in figure 2.11 resemble the result of band calculations. The
addition of elements with more massive nuclei increase the orbital energies as with the ever increasing
energies associated with diatomic systems of increasing atomic number.
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Figure 2.11: Calculated energy level structure of bcc Ti and 3d transition elements substituted into
Ti using the cluster model.
The energy state labels define the molecular orbital number and the number of orbitals with the
same energy denoted in this case by e and t for two or three orbitals respectively. The subscript
number defines the orbital orientation relation with the nuclear axis and the subscript letter defines
the bond inversion symmetry which is either gerade or ungerade.
Md
The d-orbital can accommodate 10 electrons, 2 electrons of each spin in 5 d-orbitals. These orbitals
are called dz2 , dx2−y2 , dzx, dyz and dxy where the first two are aligned with the principle cluster axes
and the latter three or aligned diagonally. In a free atomic system these orbitals are degenerate,
i.e. they have the same energy but in a d-d metal complex system the interaction volumes are no
longer spherical and in turn the dz2 , dx2−y2 orbitals and the dzx, dyz and dxy have different energies.
These two sets are referred to as a doubly degenerate set labelled eg and a triply degenerate set t2g.
Morinaga et al. define their metal d-orbital level (Md) value as the average of eg and t2g levels in eV.
Bo
Once the atomic orbital energies have been calculated for Ti and binary d-metal alloying additions
they are used to calculate the total energy of the atoms and the overlap integrals which define the
extent to which two atomic orbitals on two different atoms overlap. Mulliken population analysis
is then used to calculate the number of electrons occupying a given atomic orbital, the summation
of which gives us an effective charge also referred to as partial ionicity. The overlap population of
electrons between atoms v and v’, Qvv′ is defined as:
Qvv′ =
∑
1
∑
i,j
Cvi1C
v′
j1
∫
ΨiΨjdV (2.6)
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Where Ψi and Ψj are the wave-functions of i and j of atoms v and v’ respectively and C
v
i1 and
Cv
′
j1 are coefficients associated with a magnitude of linear combinations of atomic orbitals. The bond
order (Bo) corresponds to Qvv′ .
Morinaga’s calculated Bo, Md values were used throughout this thesis. No attempt was made to
replicate these calculations. The calculated values have been tabulated for elements frequently alloyed
with titanium in table 2.3. The Bo-Md values for several binary, ternary and quaternary Ti-Nb-Ta-Zr
allows can be seen in reference [35].
Table 2.3: Bo and Md values for common alloying additions to titanium [29].
Bo Md (eV)
hcp alpha-Ti bcc beta-Ti
3d Ti 3.513 2.790 2.447
V 3.482 2.805 1.872
Cr 3.485 2.779 1.478
Mn 3.462 2.723 1.194
Fe 3.428 2.651 0.969
Co 3.368 2.529 0.807
Ni 3.280 2.412 0.724
Cu 3.049 2.114 0.567
4d Zr 3.696 3.086 2.934
Nb 3.767 3.099 2.424
Mo 3.759 3.063 1.961
5d Hf 3.664 3.110 2.975
Ta 3.720 3.114 2.531
W 3.677 3.125 2.072
Al 3.297 2.426 2.200
Si 3.254 2.561 2.200
Sn 2.782 2.283 2.100
For the purposes of our research it is important that the bond order varies with structure and is
constant for elements, which in turn allows for alloy Bo, Md calculations using the rule of mixtures.
Morinaga et al. observed that the electronegativity and the radius of the alloying atoms signifi-
cantly affected the strengths of the bonds and the preferred structural arrangement. These proper-
ties are observed as the stiffness and the phases present in the alloys. Numerous groups, including
ours, have used the molecular orbital design method as a rough guide to initial compositional ranges
[5, 36, 31, 37]. The values for alloys can be calculated using the rule of mixtures with composition as
an atomic fraction.
2.2.2 Bo-Md map
Morinaga et al. depicted the Bo and Md values on an isothermal phase diagram [29]. The Bo-Md map
can be used to predict room temperature phases and deformation mechanisms in β alloys. The map
is a plot of Bo vs Md on which the values of elements, commonly alloyed with titanium, are plotted.
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Figure 2.12 shows the progression from a simple plot of Bo and Md values associated with elements,
to a map of phase boundaries. The phase boundaries are empirically set, as with common phase
diagrams. However, unlike conventional phase diagrams, the Bo-Md map is not limited to a binary
system, instead it is limited to a set temperature; usually room temperature. In figure 2.12a the
elements can be identified as being neutral, isomorphous or eutectoid stabilisers. The phase diagrams
are depicted in figure 2.12b. In figure 2.12c the titanium molybdenum phase diagram has been
superimposed onto the phase diagram with the 100% titanium and 100% molybdenum points of the
graph placed at the Bo and Md values associated with the respective elements. The α and α+β phase
boundaries have set Bo and Md values. In figure 2.12d, two phase diagrams have been superimposed
onto a Bo-Md plot. The illustration depicts the association between the phase boundaries on the
Bo-Md map and conventional phase diagrams.
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Figure 2.12: Illustration showing the relation between phase diagrams and the Bo-Md map. a: Plot
of Bo vs Md for several neutral, isomorphous and eutectoid stabilisers [29]. b: Representative phase
diagrams for neutral, isomorphous and eutectic stabilisers. c: Representative phase diagram for
Ti-Mo, where Mo is an isomorphous stabiliser, superimposed onto the Bo-Md map between the Bo-
Md coordinates for pure titanium and molybdenum. d: Illustration showing the three dimensional
relationship between Bo, Md and temperature. The illustration shows how the isothermal phase
boundaries relate to the phase diagrams.
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Figure 2.13: Bond order versus electronegativity for numerous commercial titanium alloys. Redrawn
from reference [29] by Morinaga et al..
Figure 2.13 is a Bo-Md map produced by Morinaga et al. [29] in which the phase structure of
commercial alloys is plotted on a Bo-Md map showing three distinct regions, separated by two phase
boundaries. The experiment showed that they could predict the phase structure of the alloys solely
by calculating the associated Bo and Md values. In the figure the alloys represented by filled circles,
crossed circles and empty circles represent β, β+α and α alloys respectively. Titanium is marked by a
cross. The most commonly used Bo-Md map can be seen in figure 2.14. In this figure the martensitic
and ω phase boundaries have been added.
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Figure 2.14: Bo-Md map according to Abdel-Hady et al. [31] with the Bo and Md values of several
titanium alloys plotted. The phase structures of the alloys have been labelled using squares, triangles,
diamonds and circles to mark β, β+ω, β+ω+α′′ and α′′ alloys respectively. The Bo-Md vectors for the
Ti-Mo, Ti-Nb and Ti-Ta binaries have been marked in red, green and blue dotted lines respectively.
The linear relationship between the Bo and Md values and composition can be seen in figure 2.14.
The values corresponding to binary alloys all start at pure titanium and end at the Bo-Md value of the
alloying element. At this scale, the Bo-Md coordinates for Mo, Nb and Ta would be well off the page.
Twelve binary alloys of Mo, Nb, Ta and V additions have been plotted and numbered. The alloys
are labelled in weight percent. The Bo-Md vectors for Ti-Mo, Ti-Nb and Ti-Ta can be seen in red,
green and blue respectively. The composition of the alloy can therefore be deduced from the distance
between the two elements and vice versa. This vector relationship also works for multicomponent
systems, as shown in figure 2.14b. In this case the vectors associated with Ti-Ta binary, Ti-Zr binary
and the Ti-50Ta-Zr ternary, have been plotted. The ternary line now originates at the Ti-50Ta Bo-Md
value and extends to the (Ti)-50Ta-50Zr Bo-Md value. Morinaga et al. also noticed that there is a
proportional relation between the stiffness and the Bo-Md value depicted by an arrow in figure 2.14b.
The β/β+ω boundary also marks a transition in deformation mechanism from twinning to slip. The
phase structures of the alloys are marked using squares, triangles, diamonds and circles for β, β + ω,
β + ω + α′′ and α′′. As shown in figure 2.5, the region in which phases can be stress induced spans
from the Ms line to just beyond the β/β + ω boundary.
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Data from Abdel-Hady et al. [31].
Due to oxygen being an interstitial alloying addition it does not have a bond order or electroneg-
ativity value. However, it has been shown by Abdel-Hady et al. that the oxygen content has a
significant effect on the boundaries [31]. This can be seen in figure 2.15. The figure shows the change
in Bo-Md coordinates for the β/β+ω phase boundary. Plotted on the map are the Bo-Md composition
vectors for Ti-(x)Nb-5Zr-10Ta-0.23O and Ti-30Nb-5Zr-(y)Ta-0.23O, where x and y increase up the
page. It is shown that for the β + ω alloys, Ti-(20,25)Nb-5Zr-10Ta-0.23O and Ti-30Nb-5Zr-(0,5)Ta-
0.23O, a phase can be stress induced. Moreover, the Ti-30Nb-5Zr-10Ta-0.23O metastable β alloy, just
beyond the β/β + ω phase boundary, behaves superelastically.
2.2.3 Average valence electron
Figure 2.2 shows the valence electron number per atom (e/a) of the elements depicted. The e/a
value of elements significantly affects the properties of the elements and in turn the properties of any
combination of elements. For a given group in the periodic table the e/a value is constant and, in
part, equal to the old IUPAC group number. The exceptions are the ninth and tenth group which
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would by the old standard be the second and third ‘eighth’ group respectively. Therefore the e/a
values for Ca, V, Rh, Zn and O, for example, are 2, 5, 9, 2 and 6. The drop in valence electrons after
10 is due to the completion of the 3d sub-shell. This principle is correct for groups 1 to 10 excluding
group 6. Titanium, for example, has four electron shells, K, L, M and N. The electronic configuration
of the sub-shells, or ground state, of titanium is 1s2, 2s2, 2p6, 3s2, 3p6, 4s2, 3d2 or [Ar]4s2, 3d2. The 3d
sub-shell consists of five orbitals which can each hold two electrons, one up, one down. For Cr it is
more energetically favourable for one of the 4s sub-shell electrons to half complete the 3d sub-shell
with one electron per orbital, this does not affect its e/a value. For Cu however the, completion of
the 3d sub-shell excludes the 3d electrons from the valence electron total. Thereby causing the e/a
value of Cr to be 1 and in turn the Zn value to be 2.
The same rule of mixtures applies to the e/a value as does for the Bo and Md values and as such the
valence electron per atom value can be applied to alloys as well as elements. A typical value of e/a, for
example the e/a value of Ti-5.25Mo at.% (Ti-10Mo wt.%), would be equal to (94.75∗4+5.25∗6)/100 =
4.105.
Laheurte et al. showed that the e/a value could be used to predict the quench products in alloys.
Figure 2.16 shows a set of discrete values which define the phase boundaries between α′, α′′, α′′+β
and β. The ease with which the e/a values can be calculated is proportional to the crudeness of their
predictions. However, unlike the Bo and Md values, the e/a value can be used to predict properties
related to the martensites, including the temperature dependent phase boundary.
α’ α” α”+β β
4.07 4.15 4.20
e/a ratio
Figure 2.16: Illustration showing the predicted quench product phase boundaries by e/a values [5]
Ikehata et al. investigated the relationship between e/a values and β stability using elastic con-
stants of binary titanium alloys. The β phase is shown to be stable where the elastic constant E001 is
positive, where E001 is the stiffness of the β structure in the < 001 > direction. Below an e/a value
of 4.2 E001 is no longer positive and in turn the β phase is no longer stable [38].
Stiffness
You et al. investigated using the orbital design method to create low modules Ti-Nb-Zr alloys [39].
The bonding force can be calculated using the bond order (Bo), the electronegativity (Md) and the
effective nuclei charge felt by the valence electrons, Zeff . Where Zeff is equal to the atomic number,
Z, minus a Slater shielding factor.
bonding force ∝ Zeff ·Bo
Md2
(2.7)
An increase in electronegativity should therefore decrease the bond force significantly. This corre-
lates well with empirical data which shows lower stiffnesses for alloys with higher Md values. Figure
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2.17 shows the e/a phase boundaries superimposed onto the Bo-Md map. Zirconium, like titanium,
has an e/a value of four. Therefore any addition of Zr to titanium alloys will not change the overall
alloy e/a value. The e/a boundaries therefore lie parallel to the Zr Bo-Md composition vector. Also
plotted on the map are the six Ti-Nb-Zr alloys designed for low stiffness. Figure 2.18 shows the
diffraction patterns and a stiffness versus Bo versus Md plot. Theoretically the stiffness for the alloy
with the highest Md value would have the lowest stiffness. The diffraction plots show that the two
alloys with the highest Md values, alloys Ti-6Nb-53Zr and Ti-70Zr, contain α′. The stiffness of the
alloys decreased with increasing Md value for the first four samples. The presence of α′ increased the
stiffness of alloys five and six and therefore the lowest stiffness was obtained for the alloy with the
highest Md value which almost fully retained β, alloy four. It would be interesting to see what the
stiffness would be of an alloy with a higher Bo and Md value within the α′′ e/a region. It is difficult to
discern from the diffraction patterns whether alloys one to four are purely β but structures of samples
five and six correlate well with the e/a phase boundaries. Further work should be done to investigate
the opportunity for SE ultra low stiffness alloys in the top right region of the Bo-Md map.
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Figure 2.17: Bo Md map showing six alloys produced and tested by You et al. to investigate the effect
of Bo and Md values on stiffness [39].
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Figure 2.18: Diffraction patterns and stiffness versus Bo versus Md plot for six Ti-Nb-Zr alloys.
Redrawn from reference [39] by You et al.
The effect of tantalum content on the Young’s modulus of Ti-Ta was investigated by Zhou et al.
[40]. The stiffness decreased with increasing Ta content up to 30 wt.% after which it increased to 50
wt.%, decreased from 50 wt.% to a minimum at 70 wt.% and then increased. The unit-cell volume
of α′ increases with increasing stabiliser content, whereas the unit-cell volume of α′′ and β increases.
The first minima was attributed to the increasing unit-cell volume of the α′ up to 30 wt.%. At 30wt.%
α′′ becomes favourable and increasing Ta content causes a decrease in cell volume, shortening atomic
bonds, and in turn increasing stiffness. Ti-60Ta has a fully retained β microstructure. The young’s
modulus abides by the law of mixtures and the ideal mixture for a low Young’s modulus in Ti-Ta is
shown to be Ti-70Ta wt.%, with a stiffness of 67 GPa. For contents greater than 70% Ta the stiffness
increases to the stiffness of pure Ta.
Ho et al. performed bend tests on cast binary Ti-Mo alloys to investigate their structure and
properties. The molybdenum contents increased from zero to 20 wt.%.They found that the lowest
bending modulus was observed in Ti-7.5Mo wt.%, an alloy which consists entirely of α′′ [41]. Similar
to Ti-Ta the modulus increases and decreases to several minima and maxima with increasing molyb-
denum content. However in this case the alloy with a fully retained β structure had a higher stiffness
than a fully retained α′′ structure. For biomedical applications high strength and low modulus are
desired properties. Lin et al. showed that the strength over modulus ratio for Ti-7.5Mo could be
improved with the addition of 0.1 w.% Fe [42] from 26.9 to 27.6, however the modulus increased from
65 to 72 GPa.
Ikehata et al. calculated the effect of stabiliser content in Ti on elastic constants and in turn the
bulk modulus. The Voigt-Russ-Hill approximation was used to calculate a bulk modulus from the
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elastic constants using only the α hcp and β bcc structures. It was shown that the bulk modulus
reached a minimum at 25 at.% V, Nb, Ta, Mo and W [38].
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2.3 Martensisitic phase boundary
The phase boundaries of the quenching products have been investigated by numerous groups and
collated by Murray. The collated results have been listed in table 2.4. Alpha prime is almost unani-
mously agreed to span from 0 to 2 at.% Mo. α′′ spans from 2 to 6.9 at.% and ω from 4 to 14 at.%.
The ideal composition of a superelastic titanium molybdenum binary should suppress the nucleation
and growth of α, α′ and α′′ whilst ensuring the β phase is unstable enough to allow for a stimulus
induced martensitic transformation. The composition should therefore be just above 4 to 6.9 atom
percent. For any composition just above the α′′ span the microstructure will contain ω. The errors
of the values listed in table 2.4 are likely to be due to inconsistencies in oxygen content rather than
errors in measurement. Titanium has a high affinity for oxygen and its effect on phase boundaries
is significant. The effects of oxygen on various properties will be a point of discussion in numerous
sections.
Table 2.4: Phase boundary compositions, of binary titanium molybdenum in atom percent. The
references for these results can be found in the Phase Diagrams of Binary Titanium Alloys by J.L.
Murray [6]. The values were published by Bagariatskii, Ageev, Collings, Fedotov, Morniroli, Guseva,
Kolachav, Davis and Leibovitch et al..
α′ at.% Mo α′′ at.% Mo ω at.% Mo
0 to 2 2 to 4 4 to ?
- - ∼6.5 to ∼14
0 to 2.5 2.5 to 4.5 4.5 to ?
- 4.7 to 6.9 6.4 to 11
0 to 2 2 to 6 5 to 10
0 to 2 3.1 to 6 6 to 10
0 to 2 2 to 4.5 4.3 to 6
0 to 2 2 to 5.3 -
0 to 3 2 to 5 5 to ∼14
X-ray diffraction can be used to identify phase structures and their relative volume fractions. These
methods are discussed in section 3.2. Figure 2.19 shows the diffraction patterns for six molybdenum
concentrations in titanium, with compositions ranging from 2 to 11 atom percent. It is highly likely
that these β alloys contain ω, indistinguishable in these lab X-ray diffraction plots. Also, a two
dimensional diffraction plot of intensity versus 2θ will be identical for α and α′ and very similar to
α′′ for low levels of β stability. Noticeably, α′ is no longer detectable by 3.1 at.% and the α′′/β
boundary appears to be around 5.3 at.%, with a fully retained β structure from 8.1 at.% Mo. The Ms
temperature refers to the start temperature of the martensite which will be either α′ or α′′ dependent
on composition. From this data the molybdenum content beyond which the Ms temperature is that
of α′′ is 3.1 atom percent. At compositions where α′′ forms upon cooling to room temperature the α′′
volume fraction is likely to increase upon loading but will not transform back to β upon unloading.
Therefore, in order to observe superelastic behaviour at room temperature the composition should be
roughly 8 atom percent.
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Figure 2.19: Diffraction patterns for six Ti-Mo binary alloys as cast [43]. The molybdenum content
is given in atom percent.
Flower et al. investigated the formation of α′ in Ti-Mo with 0.1 and 0.5 wt.% Mo. On cooling, the
formation of primary α plates, partitions the β grains. Further transformation leads to the formation
of secondary α between the primary α plates [44]. Davis et al. investigated the effects of cooling rate
on the formation of α′ and α′′ in Ti-Mo binary alloys from 2 to 10 wt.%. α′ is a quench product of
lean mβTi alloys. According to their observations, in Ti-Mo α′ forms below ∼4% Mo, above which α′′
forms. With increasing stabiliser content from 2 to 10 wt.% Mo the martensite plate size became finer
and more acicular or needle shaped. In both the 6 and 8 wt.% Mo alloys the α′′ high-angle diffraction
lines became difficult to distinguish from β. By 10 wt.% Mo the water quenched sample consisted
of untransformed equiaxed β grains. The principal strains required for transformation decrease with
increasing molybdenum content. α′′ generally forms as a twinned structure and α′ generally forms
as a dislocated structure [45]. The α′′ plates were dislocation free and contained {111}α′ twins and
stacking faults. The β phase has been shown to precipitate heterogeneously and homogeneously in α′
and α′′ respectively [14].
2.3.1 Martensitic start temperature
The martensitic start (Ms) temperature is the temperature at which the martensitic phase starts
to form when cooled. The transformation from a high temperature, or austenitic, phase will carry
on until the martensitic finish (Mf ) temperature is reached. The terms austenitic and martensitic
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originate from quenched steel in which the high temperature phase is austenite. In titanium the
austenitic phase is β. When heated, the martensite will start to revert to the austenitic phase at the
austenitic start temperature (As) and carry on transforming until the austenitic finish temperature
(Af ) is reached. The transformation is non-displacive, requiring atoms to only move a fraction of an
atomic bond in distance. The Ms and Af temperatures are not the same due to initial lattice strains
being accommodated elastically. Once the elastic limit of the structure is reached the structure starts
to transform. This causes a hysteresis effect which will be discussed in section 2.4.1.
Due to the change in properties associated with martensites, Ms temperatures have been recorded
for decades. Much like with ω, the compositions were investigated so that the phases could be avoided
and as such, the compositions beyond which no martensite formed on quenching is known for most
commonly used alloying elements in titanium. Figure 2.20 shows the Ms values in Ti-Mo and Ti-Nb
as recorded and correlated by Dobromyslov et.al [46], Murray [6], Morinaga et.al [47] (in Japanese),
Kim et.al [48], Hanada et.al [49] and Sasano et.al [50]. The results obtained by Sasano et.al and Kim
et.al show a more linear relationship between the Ms temperature and composition than the generally
accepted asymptotic relation. Ms temperatures of the samples were estimated using the minimum
critical stress for transformation relationship with temperature. The linearly proportional relation
between the critical stress for martensite induction and temperature is referred to as the Clausius-
Clapeyron relation. As the temperature increases the parent phase is more stable. The more stable
the parent phase is, the higher the required stress is for transformation from the parent phase to the
martensitic phase. Therefore, if an alloy is strained at various temperatures there will be a critical
strain minima at the temperature where the Ms temperature of the alloy is closest to the testing
temperature. Their results were confirmed using thermal cycling at set loads to observe changes in
Ms temperature. However, the Ms temperature changed with applied load and the Ms temperature
could not be distinguished at zero load [48]. The samples investigated by Sasano et al. also had a 3
wt.% addition of Al, all the other samples shown are Ti-Mo binaries.
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Figure 2.20: Ms temperature versus niobium and molybdenum content in titanium. The Ms tempera-
tures in Ti-Mo and Ti-Nb as recorded and correlated by Dobromyslov et.al [46], Murray [6], Morinaga
et.al [47], Kim et.al [48], Hanada et.al [49] and Sasano et.al [50].
The change in Ms temperature with stabiliser concentration for 4th, 5th and 6th period elements
was investigated by Dobromyslov et al.[46]. Binary alloys of various compositions were produced,
solution treated and quenched. The alloys were then analysed by optical microscopy and the lowest
β stabiliser content for a fully retained β structure was recorded. The martensites that formed were
either α′ or α′′ dependent on stabiliser concentration. For these concentrations, shown in table 2.5, the
average valence electron per atom value was calculated and plotted against their number of valence
electrons, as seen in figure 2.21a 1. The alloying additions are listed in a periodic table in figure
2.21b. Figure 2.21c shows the Ms temperature with change in stabiliser content. The elements with
the minimum stabiliser content required to stabilise the β phase have an e/a value of eight. As
the e/a value tends away from eight the stabiliser content required to retain the β phase, at room
temperature, increases. The best addition for a low density SE alloy is a light isomorphous alloying
element with a high Moeq. Technetium, rubidium and rhenium are prohibitively expensive and
radioactive. Vanadium, niobium and molybdenum are the lightest commercially viable isomorphous
β stabilisers. Niobium and molybdenum are roughly equal in weight and vanadium weighs roughly
half again. However, in order to fully retain β, three times as much vanadium, and roughly five times
as much niobium, than molybdenum has to be used. Therefore, molybdenum is the ideal alloying
addition for a low density SE binary titanium alloy.
1Dobromyslov et al. have calculated the e/a value of Ti-Cu using a Cu e/a value of 11 (βm = 11at.%), so that
0.89× 4 + 0.11× 11 = 4.77. The effect of the early d-orbital completion on e/a has not been taken into consideration.
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Figure 2.21: Illustration showing the relationship between the e/a value and the concentration re-
quired to retain β on quenching. a: The e/a ratio for Ti-X metastable β alloys for the lowest stabiliser
content versus the total number of electrons in the 4s and 3d orbitals of the added stabiliser separated
by their periods in the periodic table. b: A section of periodic table showing the elements plotted
in figures a and c. The isomorphous β stabilisers have been highlighted in grey. c: Ms temperature
versus stabiliser content separated by periods of the periodic table. Figure adapted from work by
Dobromyslov et al. [46].
Table 2.5: Minimum concentration of β stabiliser necessary for the complete retention of β on quench-
ing (βm) in atomic percent according to Dobromyslov et al. [46].
Ti-V Ti-Cr Ti-Mn Ti-Fe Ti-Co Ti-Ni Ti-Cu
15 7 6 5 7 9 11
Ti-Nb Ti-Mo Ti-Tc Ti-Ru Ti-Rh Ti-Pd Ti-Ag
23 5 ? 33 4 11 ?
Ti-Ta Ti-W Ti-Re Ti-Os Ti-Ir Ti-Pt Ti-Au
35 10 5 3 3 7 ?
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The high temperature Ms temperatures, seen in figure 2.21, are results obtained from work by
Duwez et al. [51] and Kaneko et al. [52] (in Japanese). Duwez et al. investigated the effect of β
stabiliser content and rates of cooling on Ms temperature in Ti-Mo binaries [51]. The alloys were
heated up rapidly (∼ 5s), in order to minimise oxidation, and cooled at various rates using gaseous
helium. The thermocouples attached to the sample recorded the change in temperature of the sample
on cooling. The point at which the cooling curve deviated from linear, or the onset of latent heat,
was considered to be the Ms temperature. The deviation became smaller as the β stabiliser content
increased, becoming unapparent for Ms temperatures below 400
◦C. Interestingly, for cooling rates
from 4 ◦C to 10,000 ◦C per s the Ms temperature remained constant. DeLazaro et al. recorded Ms
temperatures by metallographic methods [53]. The Greninger-Troiano method, used to determine Ms
temperatures in steel, relies on the difference in contrast between originally retained, and tempered,
quenched martensite. In Ti-Mo, however, tempered α′ does not cause the precipitation of a second
phase, like carbides in steel, and in turn the two phases are indistinguishable. DeLazaro et al.
thermally transformed the residual β. This process does not significantly affect the α′ platelets but
the β becomes dark when etched and can be easily distinguished from the α′. This method allowed
the Ms temperature to be estimated to an accuracy of ± 20 ◦C. The values obtained by DeLazao
et al. and Duwez et al. correlate well. For temperatures at which the Ms temperature could be
measured it decreased linearly with increasing stabiliser content. However, the content at which the
β phase is fully retained, βm, does not abide by the linear trend leading to an asymptotic drop in Ms
temperature close to βm [53, 51].
Figure 2.14 shows a Bo-Md map on which the composition at which the Ms temperature is equal
to room temperature is plotted. Figure 2.22 is a plot of Ms temperature versus Bo versus Md for
elements commonly alloyed with titanium, including tantalum, niobium and molybdenum shown in
blue, red and yellow respectively. Bo-Md maps tend to be set at room temperature. This isn’t an
issue for medical implants, where temperatures will be limited to body temperature, but for aerospace
applications the temperature dependence of the properties is highly significant. Superimposing the
Ms temperatures of the binary alloys by Dobromyslov et al. onto the Bo-Md map by Morinaga et al.
shows good correlation.
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Figure 2.22: Ms temperature versus bond order (Bo) versus electronegativity (Md) for commonly
used alloying additions in titanium compiled using data by Dobromyslov et al. [46]. Tantalum,
niobium and molybdenum are coloured blue, red and yellow respectively. The isothermal Bo-Md map
by Moriniga et al. can be seen at room temperature. The line which joins the Bo-Md values for
compositions where Ms is equal to room temperature according to Dobromyslov et al. is marked as
a red dotted line. The lines all tend towards the CP Ti β transus temperature of 882 ◦C at the pure
Ti Bo and Md values of 2.79 and 2.477 eV respectively.
Ohyama et al. investigated the deformation mechanisms in Ti-V and the effects of aluminium and
tin as ternary and quaternary additions [54]. They concluded that the Ms,Mf and Md temperatures
all decreased with increasing vanadium content and that the temperatures are further suppressed by
the presence of athermal ω. Simlar observations were made by Al-Zain et al. in Ti-Nb and Ti-Nb-Mo
alloys [55]. Md is the upper temperature limit of the strain induced transformation range, where Ms
lies between Md and Mf . Therefore, for a set temperature there is a set Md composition beyond which
the alloy will deform plastically rather than transform martensitically. Alloys will undergo a strain
induced transformation at any temperature between the Ms and Md temperatures. Figure 2.23 shows
the relation between the Ms and Md temperatures and vanadium content. Ti-(10,12,13,14,15,16)V
alloys were investigated using hardness testing and optical and electron microscopy. Ti-(12,13,14)V
quenched to form an optically visible β+α′′ structure with the α′′ content decreasing with increasing
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vanadium content. Ti-12V wt.% is predominantly α′′, as such the β+α′′ compositional range at room
temperature is roughly 12-14 wt.% vanadium. By Ti-15V wt.% the sample quenches to a visibly
fully retained β structure. The Ms temperature is therefore equal to room temperature between 14
and 15 wt.% vanadium. Hanada et al. showed that Ti-16V wt.% deformed via slip, even at -196 ◦C
[56], suggesting the Md temperature decreases asymptotically between 14 and 16 wt.% vanadium.
This has been schematically represented in figure 2.23. The authors suggest that the presence of
athermal ω causes the significant suppression of the Ms and Md values. Furthermore they go on
to show that the addition of aluminium suppresses the formation of ω and in turn returns the Ms
and Md temperatures closer to their intrinsic values. Figure 2.24 shows the ωs temperature for three
Ti-Mo alloys observed under TEM whilst cooling [57]. The results show that the ω start temperature
decreases for increasing stabiliser contents. The ωs temperatures for 10, 15 and 20 wt.% Mo are -24,
-124 and -135 ◦C respectively. The suppression of ωs temperature with the addition of aluminium has
also been observed in Ti-Mo-Zr by Komatsu et al. using resistance measurements [58]. Williams et
al. investigated the effect of Al, O, Sn and Zr ternary additions on the decomposition of Ti-Mo and
Ti-V mβTi alloys [24]. Al and O are the most potent suppressors of ω doing so by accelerating the
kinetics of α nucleation. Whereas Zr and Sn limit the ω volume fraction by stabilising β.
Inhibiting the asymptotic drop in Ms temperature allows for a larger compositional range within
which the transformation can occur. An addition of 5-7 wt.% aluminium to a Ti-16V alloy is shown
to prevent the suppression of Ms sufficiently to allow for a stress induced martensitic transformation
at room temperature. The results clarify why the Ms temperature can have an asymptotic and a
more linear relationship with stabiliser concentration.
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Figure 2.23: Ms and Md temperature versus vanadium content for Ti-V binary and Ti-V-Al ternary
by Hanada et al. [54]. The ω precipitates suppress the Ms and Md temperatures. This suppression
can be prevented using aluminium.
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Figure 2.24: Solution treated at 800 ◦C for 1 h, all plates rapidly cooled by ice water. Samples were
cooled to and held at several temperatures whilst being observed using TEM [57].
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2.4 Deformation mechanisms
Conventionally metals deform elastically, up to a yield stress, at which point any additional strain
is accommodated by a plastic deformation mechanism. The plastic deformation mechanisms are
slip, twin and phase transformation. In the case of superplastic deformation the plastic deformation
mechanism involves a strain accommodating phase transformation. In the case of superelasticity this
phase change is reversible, and upon unloading the reversal of the phase transformation causes a
macroscopic strain recovery. Slip involves the movement of dislocations along a preferential plane.
Twinning is a mechanism whereby the strain is accommodated by a shear in the lattice, where
the interfaces between the shear lattice and the parent lattice form a twin boundary. Importantly
the structure remains the same either side of the boundary but the orientation is different so that
the structure is mirrored either side of the twin boundary. Martensitic transformations can involve
rotations and shears but importantly they involve a change in structure. Optically the two artefacts
are hard to distinguish.
Hanada et al. investigated the deformation mechanisms in metastable β titanium alloys in the
mid 80s [59, 49, 56]. They concluded that the deformation mechanism was sensitive to β stability
and that for β stabilities just beyond the Ms boundary the alloys would deform by {332}< 113 >
twinning. Athermal ω was shown to encourage {332}< 113 > twinning, but ageing in isothermal ω
and increases in oxygen content were shown to change the transformation mechanism from twinning
to slip.
In figure 2.23 the deformation mechanisms are labelled for ranges of vanadium concentrations.
With increasing stabiliser content the alloy deforms martensitically, then by {332} twinning and
finally by slip. When aluminium is used to suppress the growth of ω, the sample deformed via either
the transformation or slip. The martensitic transformation therefore occurs unless {332} twinning
has been activated by the presence of ω.
According to Laheurte et al., with increasing stabiliser content, the deformation mechanism is
initially {332} < 113 > twinning, then the stress induced martensitic transformation followed by
plastic slip and {112}< 111 > twinning [60]. Sun et al. observed that the ω phase can cause the
twinning to change, suggesting that the twins in bcc alloys tend to be {112}< 111 > twins, unless
athermal ω is present, at which point the energy required to shear {332}< 113 > twins is half that of
the standard twins [4]. This suggests that the order of energy required for transformation increases
from {332} twinning to the martensitic transformation, to slip, to {112} twinning. Therefore, when
the ω volume fraction is adequately high to enable {332} twinning the martensitic transformation
becomes energetically unfavourable and is inhibited. By the same theory, if the ω volume fraction is
too low to enable {332} twinning the martensitic transformation will occur. Due to {332}< 113 >
twins having been observed in alloys with high volume fraction of ω it was concluded that the change
in deformation behaviour was caused by the local β stabiliser enrichment and in turn β stabilisation
of the matrix [49].
Hanada et al. used hardness tests to evaluate whether titanium niobium, vanadium and molybde-
num binaries plastically deformed via slip or twinning, at several temperatures [49]. They concluded
that, at room temperature, there is a set concentration of β stabiliser below which the alloy plastically
deforms by twinning and above which the alloy deforms by slip. In this case the SE compositional
range suggests that any strain beyond the transformation strain will lead to slip and that any plastic
deformation associated with the transformation is likely to be twinning. Though complete supere-
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lastic recovery has been observed in numerous samples, cyclic deformation will develop an increasing
residual, or unrecovered, strain. The residual strains cannot be recovered thermally suggesting the
matrix is both twinning and martensitically transforming at the same time. Interestingly the plastic
deformation does not necessarily impede the superelastic properties as observed by Yang et al. in a
Ti-Nb-Ta-Zr-O alloy with {112}< 111 > twins.
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Figure 2.25: Plastic deformation mechanism, versus niobium, vanadium and molybdenum content in
titanium by Hanada et al. [49].
Xu et al. adapted the TNTZ by replacing the Zr with In or Cr, two elements with vastly different
radii and electronegativities, in order to investigate the associated effect on the deformation mecha-
nisms [61]. The alloys were tested as-cast and had inhomogeneous dendritic microstructures, where
the β stability of the dendrites was higher that the surrounding areas. The alloy containing Cr was
too stable for martensitic transformation and deformed via slip. The TNT-In alloy had a solute lean
region with a Moeq of 8.4 wt.% which does transform. Interestingly, fine twins are observed at the
β/α′′ interface suggesting deformation twinning is associated with the α′′ martensitic transformation.
In the more stable dendrites, in TNT-In, deformed via {112}< 111 > twinning.
Once the α′′ has been induced, further straining will cause elastic straining and subsequently
plastic deformation of the α′′. Tobe et al. investigated the deformation mechanisms of pure α′′ in
Ti-Nb using TEM. The α′′ was observed to deform via {111} type I and {221} type II twinning.
The self-accommodating α′′ which formed on quenching was a collection of random α′′ variants. The
same alloy, after 2.5% strain, consisted mainly of two variants of which one was significantly more
prominent than the other. Therefore, upon loading, the twin boundaries moved to allow the growth
of a preferential variant and its variant pair via {111} type I and {221} type II twinning.
Chai et al. showed that the morphology of the self accommodating α′′ was triangular [62]. By
calculating the dilatational and shear components of the martensitic transformation they show that
the overall transformation strain is reduced further by a three variant triangular combination than by
the two variant V-shaped morphology more often observed in α′′. The variants are said to be related
to each other by twinning on {111}α′′ and clustered around the < 111 >β pole. It is suggested that
the V-shapes observed in microscopy could be cross sections of strain accommodating tetrahedra.
The induction of ω has been shown to occur in both compression [63] and tension [10] in mβTi
alloys. Wood et al. showed that the increase in ω volume fraction increased with increasing compres-
sive strain [63]. Zhang et al. performed low cycle fatigue tests on Ti-24Nb-4Zr-8Sn wt.% to assess
the deformation mechanisms responsible for the non-linear elasticity [10]. Though their findings are
inconclusive for low stress non linear elasticity, it is shown that for tensile-tensile fatigue tests, above
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375 MPa, the strain causes the formation of ω up to the critical trigger stress for the martensitic
transformation. The appearance of ω appears to be stress dependent. The formation of α′′ is strain
dependent. Therefore, if the critical stress for α′′ formation was at a similar stress to the induction
stress of ω, the phases could be simultaneously induced by load. It was also shown that the ω and α′′
tended to form in different grains said to be due to favourable orientation of the grains [10].
Cui et al. showed that, where non linear elasticity was observed in Ti-24Nb-4Zr-8Sn-O wt.%,
alloys they deformed via three reversible mechanisms; (i) local lattice distortions, (ii) homogenous
generation of dislocation loops and (iii) martensitic transformation from β to α′′ [64]. The alloys
were strained whilst observed under a TEM. Reversible change in small angle diffraction patterns of
the sample showed the reversible transformation even in a thin foil. The transformation tends to be
suppressed in thin foils [64]. α′′ is not observed in thin foils, strained to the same extent as bulk
samples in which the phase is apparent, due to stress relief in thin foils.
2.4.1 Superelastic martensitic transformation
The phase transformation associated with superelasticity can be induced by strain and by temperature.
When induced thermally the behaviour is referred to as shape memory due to the reversion to the pre-
deformed shape post-heating. Though superelasticity and shape memory (SM) involve the induction
of the same phase not all shape memory alloys can behave superelastically. Superelasticity requires
not only that the parent phase is suitably unstable for transformation but also that the critical stress
for slip is higher than the stress required for transformation. Figure 2.26 shows illustrations of ideal
shape memory and superelastic behaviour. When heated the martensite transforms into the austenitic
phase causing a change in shape. When an SE alloy is strained the change in shape causes a change
in phase. This change in phase will only occur if the transformation energy is lower than the energy
required for plastic deformation. Also, once the alloy reaches a transformation limit the new dual
phase structure will strain elastically until yielding. The energy required for transformation will
depend on the β stability which in turn depends on the composition and the temperature. For a set
composition the stability depends solely on the temperature.
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Figure 2.26: Illustration showing mechanical curves for ideal shape memory and superelastic be-
haviour.
Figure 2.27 is an adapted illustration from Shape Memory Alloys by Otuska and Wayman [1]
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representing the necessary conditions for SE and SM. Figure 2.27 depicts the ideal conditions for SM
and SE behaviour. The SE transformation occurs when the sample consists mostly of a parent phase
unstable enough to allow a strain induced transformation. Once the composition is set the stability
is dependent on the temperature of the sample. In order for the sample to be in the parent state
the temperature has to be above Ms. The linearly proportional relation between the critical stress
for martensite induction and temperature is referred to as the Clausius-Clapeyron relation. As the
temperature increases the parent phase is more stable. The more stable the parent phase is, the
higher the required stress is for transformation from the parent phase to the martensitic phase. In
the case of numerous martensites and martensite to martensite transformations this relation will have
separate gradients per structure change, with each section having a linear relation to temperature.
In the case of binary titanium, with isomorphous alloying additions, there is only one martensite and
as such the relation can be assumed to be entirely linear. In order for the sample to transform, prior
to deforming plastically, the critical stress for plastic deformation has to be higher than the stress to
induce martensite.
Kim et al. have shown the change in Ms temperature with stress by thermally cycling Ti-26Nb
at.% at various loads. The change in stress with temperature is 4.4 MPa/ K [48].
At temperatures much below the Ms temperature the martensitic phase will be present and stable.
Straining the alloy will cause de-twinning of the martensite allowing preferential growth of variants.
Whether a variant is preferable or not depends on its orientation in relation to the stress. Once the
martensite is de-twinned the phase will start to deform plastically. Any strain associated with the
transformation can be recovered by heating the sample into the parent phase. As the temperature
increases toward the As temperature the martensite becomes increasingly unstable so that by the
time As is reached the structure starts to transform. The least stable form of the austenite will exist
in an alloy which is cooled below the As temperature but above the Ms temperature. At this point
the sample will be most susceptible to the martensitic transformation. Superelastic behaviour will
be observed at a temperature just above the As temperature. A temperature at which the austenitic
phase is suitably unstable to transform on loading, and yet suitably favourable for the transformation
to reverse on unloading. These requirements cause for there to be a narrow temperature, or com-
positional, range within which the alloys will behave superelastically. At temperatures beyond the
SE temperature range the austenitic phase is suitably stable to not transform and as such strain is
accommodated via plastic deformation mechanisms. This leads to no recovery on post unload heating.
The Ms and As temperatures are therefore very important to designing a SE alloy.
SE behaviour is highly sensitive to temperature and will only occur within the temperature range
set by the composition. The martensitic and austenitic start and finish temperatures are dependent
on composition. As such, alloys can be tailored to suite SE applications for various temperatures.
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Figure 2.27: Illustration showing the requirements for superelastic behaviour, redrawn from illustra-
tion by Otsuka et al. [1].
Figure 2.28 shows several lattice configurations from a-d which depict the transformation associ-
ated with shape memory and superelasticity. Lattice a is that of a perfect parent phase. Lattice b
has sheared at three stages forming two orientations of the martensite phase labelled 1 and 2. The
shear planes in this case are the habit planes of the martensite. In lattice c the structure is entirely
composed of martensite variants 1 and 2. Lattice d consists entirely of martensite variant 1.
For SE behaviour the sample is initially in the austenitic or parent state (a). Initial straining
of the sample will lead to elastic loading of the parent phase. Once the critical stress required to
induce the martensite phase has been reached the accumulating strain will cause the nucleation of
martensite (b). Variants of numerous orientation will form with set orientations to the parent phase.
As the stress strain curve plateaus out, variants, for which the uniaxial stress is best aligned with
the shear angle required for transformation, will grow preferentially to the other variants. In a single
crystal that preferential variant would grow until the grain consisted solely of a single variant of
martensite (d). In a polycrystalline system however the grain will be constrained in three dimensions.
This constraint causes the martensite to form as a twinned structure as shown in lattice structure
c. The requirement for a twinned structure on formation is covered in more depth in section 2.10.
In reality the transformation from the parent phase to the martensitic phase involves reorientation,
shear and dilation of the lattice. The reorientation and shear angles and the dilation required for the
transformation can be explained and calculated using a phenomenological theory discussed in section
2.10.
In the case of SM the alloy starts out in the twinned martensite form (c), so called because
there are numerous variants within grains with identical structure but different orientations separated
by twin boundaries. This lattice formation is caused by the sample being cooled from the austenitic
state. As the microstructure transforms, due to the transformation energy being lower than the plastic
deformation energy, the martensite variants form in a self-accommodating manner. As the sample is
strained the twin boundaries between the martensite variants move to accommodate the strain. Figure
2.29 shows the transformation from a single variant martensite in Cu-Al-Ni to a twinned martensite
creating a large shear strain. When the sample is heated into the austenitic state the transformation
reverses returning to the austenitic phase structure and in turn recovering the macroscopic strain.
The extent to which the shape is recovered is dependent on the limit of configurations that can be
adopted by the martensite when the phase retransforms into the parent phase. As such the behaviour
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is most apparent in materials with parent phases of high symmetry and only occurs in cubic parent
phase metals [65].
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Figure 2.28: Illustration showing the shear component of the martensitic transformation, redrawn
from illustration by Otsuka et al. [1].
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Figure 2.29: Deformation by twin boundary movement < 111 >m twinning in Cu-Al-Ni single variant
martensite by Ichinose et al..
Tobe et al. investigated the deformation mechanisms in pure α′′ in Ti-20Nb and Ti-23Nb (at.%)
[66]. The alloys were severely cold rolled, solution treated and quenched and were formed of solely α′′.
The lattice parameters for Ti-20Nb were aα′′ = 3.13 A˚, bα′′ = 4.87 A˚ and cα′′ = 4.65 A˚, while those of
the Ti23Nb alloy were aα′′ = 3.16 A˚, bα′′ = 4.83 A˚ and cα′′ = 4.64 A˚. The samples were strained to
2.5% strain and unloaded. The residual strains were then partially recovered by thermally inducing
the austenitic transformation. Their bright field images of Ti-20Nb were taken before and after load.
In the as-solution-treated state the image shows six martensite variants at various orientations and
various sizes, seemingly random. After straining the sample to 2.5% and unloading, the image consists
almost entirely of just two of the variants. The variants alternate down the sample and are aligned
with each other. One of the variants is roughly twice the thickness of the other variant. These two
variants therefore grow preferentially with the uniaxial load applied to the samples.
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2.5 Superelastic Titanium
The prior sections focus mainly on the phase structures and microstructural deformation mechanisms
of titanium. The aim of the following sections is to focus on the effects of compositional variation
and thermal and mechanical production methods on the superelastic behaviour of existing superelastic
metastable beta titanium alloys. Binary alloys and subsequently the effects of ternary and quaternary
additions will be discussed. The effects of varying thermomechanical treatments on superelastic
behaviour will be discussed in section 2.7.
2.5.1 Binary alloys
Isomorphous β stabilisers for which superelastic properties, including transformation stresses and
recoverable strains, are known include V, Nb, Mo, Ta and W. The other β isomorphous stabilisers Tc,
Ru, Rh, Re and Osmium are rarer alloying elements and as such these elements tend to be avoided.
The most popular superelastic binary additions are niobium, vanadium, molybdenum and tantalum.
Miyazaki et al. investigated the effect of composition the superelastic behaviour of Ti-Nb. Figure
2.30 shows the stress strain behaviour of Ti-Nb strained to 2.5% strain and unloaded at room temper-
ature for niobium concentrations from 22 to 29 at.% [67]. Post unloading, the samples were heated
to 500 K in order to thermally recover the residual strains. The thermal recoveries are indicated by a
dotted arrow. The samples were cold rolled with a reduction of 95% in thickness and solution treated
at 900 ◦C for 30 minutes. The apparent yield stress can be seen to decrease with increasing composi-
tion up to a minima at around 26 at.%, beyond which the apparent yield stress increases. The system
can be seen to behave superelastically at room temperature within a compositional range from 25.5
up to and including 27 at.%. For the 28 at.% and 29 at.% alloys the samples deform plastically and no
strain is recovered thermally. For the entire range there is a significant residual strain. Up to 27 at.%
Nb roughly half of the residual strain is recovered thermally. Heating the sample post deformation
thermally induces the austenitic transformation thereby recovering the strain accommodated by the
martensitic transformation.
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Figure 2.30: Mechanical curves for a series of Ti-Nb alloys showing the change in deformation be-
haviour for varying stabiliser concentration by Kim et al. [68]
Kim et al. investigated the effect of both composition and temperature on the SE behaviour
of Ti-Nb [68]. They showed SE behaviour in Ti-27Nb and Ti-28Nb (at.%) by lowering the testing
temperature, as shown in figure 2.31. All tests were performed at, or below, room temperature.
At -80 ◦C the 28 at.% alloy shows complete recovery from 2.5% strain at a stress of 450 MPa, with a
transformation stress of ∼ 300 MPa. Also labelled are the martensitic start temperatures of the alloys.
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As expected, the SE properties improve significantly at temperatures just above the Ms temperature.
Ti-28Nb undergoes full recovery 5 ◦ above its Ms temperature of -85 ◦C.
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Figure 2.31: Mechanical curves and theMs temperatures of Ti-(26,27,28)Nb (at.%) [68]. Compositions
in atom percent.
2.5.2 Dynamic optical microscopy
The formation and reversion of stress induced α′′ has been observed in Ti-10V-2Fe-3Al-0.1N (Ti1023)
by Duerig et al. [69, 70] and in Ti-Nb-Sn by Takahashi et al. [71]. Optical micrographs showing
the strain induced martensitic transformation and its reversal in Ti1023 can be seen in figure 2.32.
The micrographs are of Ti1023, a commercial alloy commonly used in the aerospace industry. The
micrographs are taken at intervals in two strain cycles, the first to 1% and the second to 1.5%. Figure
2.32a shows the sample in the unloaded state. The sample has a fully retained β structure with no
visible deformation artefacts. The grains are roughly 300µm in size. At 1% strain, shown in figure
2.32b, the alloy is unchanged. At 1.5% strain, figure 2.32c, artefacts appear which resemble lenticular
deformation twins. The artefacts span the entire length of the grains. Figure 2.32d shows the surface
of the sample after unloading. Most of the deformation artefacts have disappeared but some remain.
At 1.5% strain, figure 2.32e, there are more deformation artefacts than at 1% strain. Similarly upon
unloading more artefacts remain, as shown in figure 2.32f . The artefacts which appear and disappear
are reversible martensite. It is clear from figure 2.32b that no martensitic transformation takes place
during the elastic straining of the parent phase. In Ti-29Nb-13Ta-4.6Zr, solution treated at 790 ◦C
for 1 h, the α′′ can be seen nucleating at the β grain boundaries. No ω was detected in the sample
[72].
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Figure 2.32: Dynamic optical micrographs of Ti-10V-2Fe-3Al-0.1N showing the martensitic transfor-
mation on loading followed by the austenitic transformation on unloading, at room temperature. a:
as-received, b: 0.5% strain, c: 1% strain, d: post unload, e: 1.5% strain and f : post unload, by
Furuhara et al. [73].
Ti-Mo-Al
Sasano et al. investigated the effects of aluminium additions to the Ti-Mo binary system [50]. Figure
2.33 shows the shape memory behaviour of eight ternary alloys recovered at eight temperatures,
alloys Ti-14Mo-(0-5)Al and Ti-(11-14)Mo-3Al in weight percent (Ti-(7.5-7.2)Mo-(0-9.2)Al and Ti-
(5.7-7.3)Mo-(5.5-5.6)Al at.%). The compositions are listed in table 2.6. The alloys were strained to
3% strain and released at 150 K (-123 ◦C). The recoveries were measured at 150 K and allowed to
heat to room temperature at which point they were measured again. The samples were then placed
in an oil bath for 30 s at six temperatures up to 300 ◦C to allow for thermally induced recovery. At
150 K the vertical lines represent the immediate recovery, consisting of both the elastic and austenitic
transformation recovery strains. Above room temperature it is unclear what proportion of the recovery
was superelastic or thermally induced recovery. It does however show the transformation and plastic
deformation proportions of the total strain.
For Ti-14Mo the immediate recovery at 150 K is minimal, ∼0.2% strain, leaving a ∼95% residual
strain (2.8% strain). This recovery is most likely entirely elastic. At room temperature, ∼0.5% strain
is recovered leading to a reduced ∼75% residual strain (2.3% strain). The strain accommodation for
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the 3% total strain was therefore roughly 6% elastic (0.2% strain), 15% transformation (0.5% strain)
and 75% plastic deformation (2.3% strain). At 150 K, the addition of aluminium is shown to have a
significant effect on the immediate recovery, leading to an almost full recovery at Ti-14Mo-5Al (wt.%).
Heating samples Ti-14Mo-3Al and Ti-14Mo-5Al (wt.%) up to room temperature causes a complete
SE recovery.
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Figure 2.33: Residual strain versus temperature plots for Ti-Mo-Al alloys investigated for shape
memory properties by Sasano et al. [50].
Table 2.6: Compositions of Ti-Mo-Al alloys investigated for shape memory properties by Sasano et
al. [50].
wt.% at.%
Mo Al Mo Al
14 0 7.51 0
14 1 7.45 1.89
14 2 7.39 3.75
14 3 7.33 5.58
14 5 7.21 9.16
11 3 5.67 5.50
12 3 6.22 5.53
13 3 6.77 5.56
14 3 7.33 5.58
2.5.3 Yield stress minima
Sasano et al. also showed a relation between the temperature and the 0.2% proof stress, or apparent
yield stress, for four Ti-Mo-Al alloys [50]. The stresses decrease to a minima at a set temperature after
which a further increase in temperature causes an increase in critical stress, as shown in figure 2.34.
The alloys Ti-12, 13 & 14 Mo-3Al had minimum critical stresses for transformation at ∼ 440 K,∼ 330 K
and ∼ 250 K respectively, with the minimum critical stress temperature for Ti-1Mo-3Al not yet
reached by ∼ 500 K. The critical stress temperature therefore appears to decrease by ∼ 110 K per 1
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at.% increase in Mo in a Ti-xMo-3Al system. The critical stress minima for Ti-(11,12,13)M0-3Al was
∼300, ∼280 and ∼180 MPa.
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Figure 2.34: Yield stress versus temperature of Ti-Mo-Al alloys. Graph redrawn from study by Sasano
et al. [50]
Sasano, Miyazaki and Kim observed the same behaviour in Ti-22Nb-0.5O [50, 74]. The appar-
ent yield stress decreases linearly with increasing temperature until 300 K (27 ◦C) beyond which it
increases linearly with temperature, as shown in figure 2.35. The lowering of the critical stress is
associated with the lowering of the activation energy required for transformation. This energy is
dependent on the stability of the parent phase and martensite. The linearly proportional relation
between the critical stress for martensite induction and temperature is referred to as the Clausius-
Clapeyron relation, as explained in section 2.4.1. Due the small enthalpy change associated with the
martensitic transformation in certain mβTi alloys, including Ti-Nb, no distinct transformation peak
is discernible using differential scanning calorimetry [67]. Therefore, the yield stress minima is used
to identify where the Ms temperature is roughly equal to the testing temperature.
Ijaz et al. investigated the addition of Sn to T-Nb-Mo. The addition of Sn initially decreases
the apparent yield stress to a minima beyond which it increases as observed in numerous alloys.
They suggest that for the initial decrease in apparent yield stress the Ms temperature of the alloy is
increasing with Sn content [75]. This contradicts the generally accepted relationship by which the Ms
temperature decreases with increasing solute content.
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Figure 2.35: Yield stress, versus strain for Ti-22Nb-0.5O at.% at various temperatures. The minimum
yield stress is said to coincide with the Ms temperature being equal to the testing temperature [74].
2.5.4 Compositional effect on Ms
Kim et al. investigated the effect of tantalum and zirconium additions to Ti-22Nb at.% [76, 77]. As
a binary the alloy does not behave superelastically at room temperature. Two, four, six and eight
percent tantalum were added. The ternary system behaved superelastically with a tantalum and
zirconium concentration between four and six atom percent, with a fully recovered 2.5% strain at
400 MPa observed in the Ti-22Nb-8Ta ternary at -200 ◦C. As per the binary case, the samples were
cold rolled to a 95% reduction and solution treated at 900 ◦C for 30 min. The increase in tantalum
and zirconium content was linearly proportional to the decreasing Ms temperature as seen in figure
2.36. The Ms temperatures decrease by roughly 30, 35 and 160
◦ with 1at.% increase of Ta, Zr and O
respectively. Omega precipitates, 3 nm in size, were observed in the β phase of the Ti-22Nb-4Ta alloy.
The size and volume fraction of the ω phase decreased with increasing Ta content. Tantalum behaved
as a solution strengthener, increasing the stress for plastic deformation. The increase in tantalum also
decreased the critical stress for transformation in turn increasing the strain window of opportunity
for transformation instead of plastic deformation.
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Figure 2.36: Ms and α/β transus temperature versus concentration. The addition of oxygen increases
the transus temperature but decrease the Ms temperature [74].
Similar experiments were performed on Ti-30Ta by Miyazaki et al.. They observed similar results,
shown in figure 2.37. Every ternary addition made to Ti-30Ta lowered the Ms temperature [78].
The decrease in Ms temperature is inversely proportional to the increase in ternary concentration.
This was also the case for neutral additions and α stabilisers. Kim et al. investigated the effect of
zirconium and tantalum as ternary additions to Ti-22Nb at.% [77, 76]. Figure 2.38 shows the binary
and ternary alloys on a Bo-Md map. The binary alloys, for which the mechanical curves are shown
in figure 2.30, range in niobium concentration from 22 to 29 atom percent. The best SE properties
were observed for Ti-25.5Nb at.%. At this composition the Ms temperature is roughly equal to room
temperature. Ta and Zr were added to Ti-22Nb. Ti-22Nb has a Ms temperature of roughly 150
◦C.
The Ms temperatures decrease by ∼ 30 ◦ per atom percent. Therefore Ms should be close to room
temperature for five atom percent additions of zirconium and tantalum. For both zirconium and
tantalum the best SE properties were observed for 6% additions. This correlates well with the notion
that best SE behaviour will be observed at temperatures just above As. It is also worth noting that
the Ms boundary lines on the Bo-Md diagram cannot be used for more complex alloy systems than
binaries.
In section 2.3.1 it was shown that ω can cause the suppression of the Ms temperature. A 3 wt.%
addition of aluminium to Ti-V suppressed the formation of ω and in turn restored the intrinsic Ms,
as shown in figure 2.23. The ternary addition of aluminium therefore can both increase and decrease
the Ms temperature dependent on the ω precipitate size. It is important when making compositional
changes to alter the Ms temperature, to consider the effect of the addition on the ω nucleation and
growth.
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Figure 2.37: Ms temperature versus stabiliser content of ternary additions to Ti-30Ta by Miyazaki et
al. [78].
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Figure 2.38: Bo Md map showing the Ti-Nb-(Ta)-(Zr) alloys investigated by Miyazaki et al. [67]
Takahashi et al. showed that an increase in Sn content in Ti-Nb-Sn alloys caused both the Ms and
the Af temperature to decrease with increasing tin content using DSC and in-situ optical microscopy.
61
Moreover, it was shown that the difference in temperature between the Ms and the Af decreased with
increasing tin content. The decrease in temperature difference, and associated improved SE behaviour,
is said to be due to a decrease in lattice strains required for the transformation, with increasing Sn
or Nb content. Samples aged at 300 ◦C and 500 ◦C showed improved SE behaviour due to an increase
in nucleation sites at ω/β interfaces and lattice softening when held at high temperature.
2.5.5 Oxygen as an alloying addition
The addition of oxygen lowers the Ms temperature and increases the slip stress and stiffness of the
alloy. Because it raises the β transus it is technically an α stabiliser [79]. Kim et al. investigated
adding oxygen to the Ti-Nb binary [74, 80, 81]. The addition increased the critical stress for slip due
to the interstitial solution hardening effect. Figure 2.39a shows the effect of oxygen concentration as
a ternary addition on the mechanical behaviour of Ti-22 Nb at.%. Similarly to the eight atom percent
tantalum addition, an almost fully recovered superelastic strain of 2.5% was achieved with a two
atom percent addition of oxygen. The apparent yield stress decreases significantly from Ti-22Nb to
Ti-22Nb-0.5O due to the decrease in Ms temperature. Further increases in oxygen content increases
the apparent yield stress. SE behaviour has also been shown to improve using other interstitial
elements including nitrogen, boron and carbon as demonstrated in Ti-1023 by Furuhara et al. [73].
Figure 2.39b shows the Ms temperature versus the niobium content of a Ti-Nb binary in red. In blue,
the Ms temperature of the Ti-22Nb alloys with 0.5, 1.0, 1.5 and 2.0 at.% added oxygen are plotted.
For every one atom percent addition of oxygen there is a 160 ◦ drop in Ms temperature. Figure 2.30
shows that Ti-Nb alloys behave superelastically, at room temperature, for a niobium content between
25.5 and 27 atom percent. This range has been marked in figure 2.39b. It is apparent that the Ti-Nb-
(O) alloys behave superelastically when the Ms temperature is adequately below room temperature,
as expected. The Ms temperature in relation to stabiliser content appears linear enough to assume the
temperatures are not being suppressed by the presence of ω. It is however worth noting that ω has a
significant effect on the Ms temperature and oxygen has a significant suppression effect on the volume
fraction of ω [82, 83]. Figure 2.39 shows the effect of oxygen content on the ω start temperature in
Ti-V [82]. It is not clear to what extent the ω concentration has affected these Ms temperatures.
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[82].
Tahara et al. investigated the effects of a one atomic percent addition of oxygen to Ti-23Nb and
Ti-26Nb alloys [81, 80]. Both Ti-23Nb-1O and Ti-26Nb behave superelastically at room temperature;
Ti-23Nb and Ti26Nb-1O do not. The alloys were investigated using in-situ XRD and in-situ TEM.
Though an almost complete recovery was observed in both Ti-26Nb and Ti-23Nb-1O α′′ peaks were
only observed in the diffraction patterns of Ti-26Nb and Ti-23Nb. It was concluded that oxygen at
interstitial sites caused local strain fields which encouraged the formation of homogeneously distributed
’nano-domains’. These nano-domains are less than 3 nm in size and form in six variants of which the
distribution was random in the as-produced state. A favourable variant is shown to increase in volume
fraction in relation to the other variants but no long range martensitic order is observed. It is suggested
that the nano-domains are barriers to themselves, impeding long range martensitic order and in turn
α′′ grains detectable by XRD [81].
Obbard et al. investigated the effect of oxygen on superelastic behaviour in Ti-24Nb-4Zr-8Sn. The
oxygen increased the critical stress for transformation and reduced the ultimate α′′ volume fraction
resulting in a shortened stress plateau. The increase of the critical stress for transformation leads the
alloys no longer deforming by a double yielding phenomenon.
2.5.6 Interstitial additions
By increasing the transformation and plastic yield stress of a SE alloy the elastic strain is increased
and therefore the SE properties are improved. Furuhara et al. and Horiuchi et al. investigated the
effects of B in Ti1023 and N in Ti-Nb-Al respectively [73, 84]. The addition of 0.1 wt.% N to Ti1023
improves SE behaviour by strengthening the matrix, suppressing Ms and suppressing ω formation.
The addition of 0.2 wt.% N is shown to suppress the reversal of the martensitic transformation leading
to an entirely elastic recovery [73]. Horiuchi et al. observed similar behaviour in Ti-Nb-Al with the
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addition of boron. Moreover it was observed that the solution strengthener suppressed the decrease
in critical stress for transformation with increasing cycles of deformation. The cyclic stability of SE
alloys can be improved using interstitial solution strengtheners [84].
Hou et al. investigated the effect of nitrogen and oxygen additions to Ti-30Nb-12Zr. The oxygen
and nitrogen concentrations varied from 0.08 to 0.50 and 0.09 to 0.49 respectively for 10 samples
[85]. The XRD results showed that the addition of nitrogen stabilised the α phase which increased
in volume fraction with increasing N content. Oxygen, however, behaved as a β stabiliser. Both
interstitial additions suppressed the α′′ and ω phases but for all compositions the α′′ and ω phases
were present [85].
Ti-Mo-Nb-(Sn)-(Zr)
The addition of molybdenum to the Ti-Nb binary increases the SE recovery strain by solution strength-
ening the matrix [55]. The concentration of Mo to Nb can be balanced to maintain a constant β
stability. However, concentrations of more than 3 at.% Mo adversely affected the SE properties due
to the formation of large amounts of athermal ω. Increases in Mo content also increase the stress
hysteresis [86].
Zr and Sn are particularly interesting additions because they are neutral stabilisers. The addition
of either element as a binary addition does not affect the transus temperature. The addition of Zr
does, however, decrease the Ms temperature. Moreover, the extent to which it decreases the Ms
temperature is similar to Nb so that the alloys Ti-20Nb-6Zr and T-26Nb have significantly different
β stabilises but similar Ms temperatures [87]. The similarity of the Ms temperatures is confirmed
by electrical resistivity measurements. The Ms temperature is ∼-27 ◦C. In both alloys lots of α′′
is observed in the cold rolled state but the β phase is fully retained after solution treatment and
quenching. The grain structure of the Ti-20Nb-6Zr phase is far finer, leading to continuous diffraction
rings in TEM. The ω phase is observed using TEM in Ti-26Nb but not in Ti-20Nb-6Zr. However, the
suppression of ω is not confirmed due to the difficulty in identifying the phase in continual diffraction
rings. The addition of Zr caused an increased nucleation rate of β during ageing allowing the alloy
to be fully recrystallised in 360 s. After flash ageing the critical stress for transformation is increased
from 270 to 410 MPa from Ti-26Nb to Ti-20Nb-6Zr.
Hao et al. investigated the effect of changing the Zr and Sn contents in Ti-Nb based alloys
[88]. The Young’s modulus and superelastic properties of quaternary alloys Ti-(20-26)Nb-(2-8)Zr-
(3.5-11)Sn wt.% were investigated. The addition of 1 wt.% Nb, Zr or Sn lowered the Ms temperature
by 17.6, 41.2 and 40.9 ◦C respectively. The phases observed in the alloys post production are listed in
table 2.7. The martensitic and austenitic start and finish temperatures were determined using DSC.
For sample Ti-24Nb-4Zr-7.5Sn the values are, Ms -50.1
◦C, Mf -53.2 ◦C, As -44.2 ◦C and Af -42.4 ◦.
This alloy undergoes a full recovery of 1% strain and an almost complete recovery of a 2% applied
strain, at room temperature. The superelastic behaviour was compared with that of Ti-25.4Nb-9.9Sn
and it is said that the superelastic behaviour of the ternary is better due to its Af temperature being
closer to the testing temperature. The SE behaviour is observed in both alloys, but a 30 ◦C difference
between the Af temperature and the testing temperature is deemed better than the 60
◦C difference
in the quaternary [88].
65
Table 2.7: Phases in as-quenched Ti-Nb-Zr-Sn alloys determined by X-ray diffraction [88]. The alloys
were forged at 950 ◦C, Solution treated at 850 ◦C and quenched.
20Nb 22Nb 24Nb 26Nb
2Zr-7.5Sn β+α′′
4Zr-7.5Sn β+α′′ β+α′′ β β
8Zr-7.5Sn β+ω
4Zr-3.5Sn α′′+ω α′′+ω β+α′′ β+α′′
4Zr-11.5Sn β+ω β+ω β+ω
Zhentao et al. observed SE behaviour in Ti-15Nb-3Mo-3Zr-2Sn (at.%) at room temperature
[89, 90]. Later the effect of the addition of Sn on the SE behaviour of Ti-Mo-Nb alloys has been
investigated [75, 91]. Ijaz et al. investigated the addition of 0 to 1.5 at.% Sn on Ti-15Nb-3Mo at.%
(12.0 wt.% Moeq) in six alloys [75]. The addition of Sn increases the recovery strain and reduces the
stress hysteresis. The apparent yield stress decreases to a minima at 1 at% Sn. However, the critical
stress for the austenitic transformation, observed on unloading, increases constantly with increasing
Sn content. The increase in Sn content also suppressed the formation of athermal ω during quenching,
confirmed by XRD and TEM.
Zhang et al. investigated the effects of the addition of 0, 1, 2, 3 and 4 at.% Sn on the SE behaviour
of Ti-7.5Nb-4Mo (10.8 wt.% Moeq) [91]. The samples were solution treated at 800
◦C and quenched
in ice. The addition of 3 at% Sn suppresses the formation of both α′′ and ω in production due to the
solution hardening effect of Sn. Sn acts as a potent β stabiliser. Increasing the Sn content decreases
the Young’s modulus due to the suppression of α′′ and ω. The solution strengthening effect caused
by the addition of Sn causes the hardness to increase with increasing Sn content. However, up to
2% the hardeness decreases due to the more significant effect on hardness caused by the suppression
of α′′ and ω. The critical stress for transformation minima is observed in Ti-7.5Nb-4Mo-2Sn. Post
deformation alloys Ti-Nb-Mo-(1, 2, 3)Sn contain significant amounts of martensite and deformation
twins; Ti-Nb-Mo-4Sn contains no martensite, very few twins and a significant amount of dislocations.
With increase in Sn the deformation mechanism changes from twinning, to α′′ formation and then
slip [91].
Ding et al. investigated the effects of Si addition on the mechanical properties and superelasticity
in Ti-7.5Nb-4Mo-2Sn [92]. The addition of 1.6% Si increased the ratio of recovered strain to residual
strain. The addition of Si causes the precipitation of Ti5Si3 intermetallic particles. It is assumed that
the precipitates improve the SE properties by strengthening the matrix and in turn increasing the
critical stress for transformation.
2.5.7 Ti-Nb-Ta-Zr
Abdel-Hady et al. investigated the effect of Zr on Ti-Nb [93]. It was shown that the addition of
Zr stabilised the β phase and lowered the Ms when added as a ternary addition. When added as a
binary addition Zr is a neutral ’stabiliser’ and cannot stabilise the β phase to room temperature, as
shown in figure 2.2. In Ti-Zr aged samples the Zr does segregate preferentially into either α or β.
In the Ti-Nb-Zr alloys however both Nb and Zr diffused out of the α phase on ageing. The cluster
model calculations performed by Abdel-Hady et al. show that the cohesive energies of a supercell
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containing 14 Ti atoms, a Nb atom and a Zr atom has a higher total cohesive energy than just Ti-Ti,
Ti-Nb to Ti-Zr. It is not yet known why this is the case. It was shown that the β stabilising effect
of Zr increased with increasing β stabiliser content. In Ti-23Nb-Zr an increase in Zr content to 6%
suppressed ω formation and 12% impeded the formation of α′′.
The SE properties of Ti-xNb-3Zr-2Ta alloys were investigated by Zhu et al.. The Nb contents
investigated were 23, 27, 31 and 35 wt.%. The β stability increased with increasing Nb content
as expected. The grains size decreased significantly with increasing β stability. Ti-31Nb-3Zr-2Ta
undergoes the double yielding phenomenon due to the strain induced martensitic transformation; no
strain recovery is observed. Ti-35Nb-3Zr-2Ta undergoes a complete 1% applied strain recovery at
room temperature [94]. This correlates well with the notion that whilst the Ms temperature is lower
than the testing temperature α′′ will form but it will not reverse until the As temperature, which is
generally just above the Ms temperature, is also suppressed below the testing temperature.
Ti-29Nb-13Ta-4.6Zr wt.% referred to as TNTZ is a biomedical SE alloy with identical magic
numbers to GUM. Niimoni showed that the cyto-toxity of Ti-29Nb-13Ta-4.6Zr was nearly as good
as that of pure Ti and better than approved Ti-6Al-4V by analysing the survival rate of mice cells
after being exposed to Eagle’s culture solution for 7 and 14 days [95]. Unlike most of the alloys
described prior to this section these alloys were produced by hot forging, solution treating and air
cooling [96, 97].
Sakaguchi et al. investigated the effect of changing Nb and Ta content and cooling rates on
the microstructure and in turn on the mechanical properties of the alloy [97, 96]. The Nb contents
investigated were 20, 25 , 30 and 35 (TNTZ35) wt%. Samples TNTZ25 and TNTZ30 were tested
as air cooled and quenched. The XRD results for all the samples, apart from TNTZ20, showed a
completely retained β structure. Sample TNTZ20 also consisted of ω. In TNTZ25 ω was detected in
the air cooled sample but not in the water quenched sample. Therefore, the ω was isothermal and
can be avoided by quenching. Samples TNTZ20 and TNTZ25 undergo the stress induced martensitic
transformation and show SE behaviour when air cooled. TNTZ25 when quenched, however, does not
show SE behaviour. The presence of ω in the samples has impeded the transformation. In TNTZ30 the
stress–strain curve in non-linear and in TNTZ35 deforms conventionally, loading linearly elastically
and only recovering purely elastic strain. The increase in β stability therefore alters the deformation
mechanism from SE via stress induced martensite, to non linear elasticity to slip. {112}< 111 >
twins and α′′ were detected in TNTZ25 by TEM, whereas only α′′ was observed in TNTZ20. A large
number of dislocations were observed in both TNTZ30 and TNTZ35, post deformation, but no α
′′ was
detected. In the second strain cycle of TNTZ25 the double yielding phenomenon becomes apparent.
It is suggested that the dislocations formed in the first cycle act as nucleation sites for α′′ [97].
Ti-30Nb-XTa-5Zr was investigated with 0, 5, 10, 15 and 20 wt.% Ta contents referred to a 0Ta,
5Ta, 10Ta, 15Ta and 20Ta respectively. The Ta behaved as a β stabiliser as expected, suppressing
ω by 10 wt.%Ta. The ω in 0Ta and 5Ta was isothermal ω and as such could be suppressed by
water quenching after the final heat treatment. Due to the high melting temperature of Ta, the
recrystallisation and melting temperature of the alloys increased with increasing Ta content. Alloys
0Ta and 5 Ta deform via martensitic transformation, 15Ta and 20Ta deform via slip. The elasticity
of 10Ta is non linear and the deformation mechanism could not be explained [96].
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2.6 GUM metal
GUM metal is a series of Ti-Nb based superelastic metastable beta titanium alloys with composition
dependent parameters set between a certain range by Saito et al.[28]. The group of alloys consist of
group IVa and Va elements and oxygen in quantities which allow for an average valence electron per
atom ratio (e/a) of ∼ 4.24, a bond order value (Bo) of ∼ 2.87 and a d electron orbital energy level
(Md) of ∼ 2.45 eV. The oxygen content has to be between 0.7 and 3 wt.%. If these properties are
simultaneously satisfied, and the alloy undergoes >90% cold working in production, the alloys have
’super’ properties including ultra-low elastic modulus with high strength, large elastic deformation
(2.5%), superplasticity, no work hardening at room temperature, a near zero linear expansion coef-
ficient and a constant elastic modulus over a wide temperature range. The alloy’s strength can also
be increased to 2000 MPa using various thermomechanical methods [35]. These super properties were
initially assumed to be due to the alloys undergoing ideal shear [28]. The deformation mechanisms
were later shown to be martensitic transformation and slip [98].
Saito et al. thought GUM metal deformed via ideal shear, partially because they did not observe
any α′′ at load but also because the alloy’s strength 0.9-1 GPa is almost equal to its ideal strength
1 GPa , arguably within experimental error [35]. Giant planar faults were observed with a ∼30 ◦
difference in orientation to the matrix. Significantly less than the rotations required for the known
previously reported twin systems in β Ti alloys. The giant faults did not cause catastrophic failure due
to the strains associated with the deformation being accommodated by elastic deformation around the
faults. Non-linear elasticity and Invar behaviour is attributed to the nanoscale discrete elastic strain
accumulated during cold work [99]. Dislocations were only observed where the oxygen content was
below that of GUM composition. It was suggested that the oxygen inhibited the thermally activated
processes required for slip [99]. The alloy was said to deform via ideal shear and the behaviour was
limited to alloys with a Bo value of 2.87 and a e/a value of 4.24. At these values both the Young’s
modulus and the work hardening rate were at a minimum. For Bo values below 2.87 deformation
occurred via stress induced martensite and above 2.87 via slip [35].
The compositional boundaries of GUM alloys were originally defined by Saito et al. as Ti-24(Nb
+ Ta + V)-(Zr,Hf)-O (at.%) [28]. The quinary alloys consist mainly of titanium and niobium. Later
work by Talling et al. showed that compositions within this range could be very brittle and did not
necessarily transform to produce α′′ [100]. They showed in order to replicate the ’super’ properties the
composition should be chosen to tailor the β stability, in order to encourage the β-α′′ transformation,
and the interstitial content, to increase the strength of the β matrix.
2.6.1 Single crystal elastic constants
Body centred cubic alloys plastically deform via slip. Their strength is therefore defined by the stress
at which preferred slip systems become active. If slip and cleavage fracture were suppressed, the
highest possible strength of a metal, or ideal strength, could be achieved [101]. The ideal strength
is dependent on the shear modulus of the crystal structure. The shear modulus for a bcc crystal is
anisotropic leading to varying shear moduli for different directions or planes within the crystal. The
difference in shear moduli varies with valence electron concentration (e/a). The stiffness of a crystal
structure in a set orientation is referred to as an elastic constant. The shear moduli for set orientations
can be calculated using the associated elastic constants.
The 6 × 6 matrix with the individual stiffness components, depicted in figure 2.41, can be seen
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Figure 2.41: Principal and shear components of stress in a cubic structure as per John Nye in Physical
Properties of Crystals [102].
in equation 2.8. Where σxx are the principal stresses and σxy are the shear components. The elastic
constants relate the associated stress and strain components.
Cij =

C11 C12 C13 C14 C15 C16
C21 C22 C23 C24 C25 C26
C31 C32 C33 C34 C35 C36
C41 C42 C43 C44 C45 C46
C51 C52 C53 C54 C55 C56
C61 C62 C63 C64 C65 C66

(2.8)
Due to symmetry, many of the individual components are equal or zero. The individual compo-
nents of the stiffness can be seen in figure 2.42 and equation 2.9. The matrices are symmetrical about
the leading diagonal. The cubic structure has three independent elastic moduli, C11, C12 and C44.
The orthorhombic structure is less symmetric and has 9 independent elastic moduli.
orthorhombic cubic
zero component
non-zero component
equal component
Figure 2.42: The stiffness components for cubic and orthorhombic structures as per John Nye in
Physical Properties of Crystals [102].
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Cij(cubic) =

C11 C12 C12
C12 C11 C12
C12 C12 C11
C44
C44
C44

(2.9)
C′ is (C11-C22)/2 and represents the resistance to {011}< 011 > shear. C44 represents the resis-
tance to {001}< 001 > shear, and both of them decrease with decreasing β stability [103]. Due to the
sensitivity of SE behaviour to β stability, C′ is an important parameter to consider when designing
an SE alloy.
Li et al. calculated the elastic constants and shear moduli for the orientations of highest symmetry,
< 110 >,< 011 > and < 111 >, where Ehkl is the modulus for tension along < hkl > and Ghkl’s
are the shear moduli [101]. Where G001 corresponds to the shear along < 110 > on {010}, G011 to
shear along < 011 > on {011}, and G111 to shear along < 111 > on the planes {111},{112} and {123}
[101]. The moduli were calculated for Ti-V and the moduli versus the e/a value was plotted as seen
in figure 2.43. The moduli can be seen to converge at e/a values of ∼4.1 and ∼4.7. At 4.1, E001,
E011, G001 and G111 converge at zero Pa. At this point the bcc lattice is unstable and transforms to
a hcp structure [101]. This correlates well with the values observed by Laheurte et al. who observed
a transition to α′ below an e/a value of 4.07 as shown in figure 2.16. The phase boundaries between
α′, α′′, α′′ + β and β have e/a values of 4.07, 4.15 and 4.20 respectively [5]. At the second e/a value
of convergence the elastic constants converge and the shear moduli converge. Therefore, the crystal
structure is elastically isotropic at an e/a value of ∼4.7 [101]. GUM metal has an e/a value of 4.24
[28]. The structure at this point is highly anisotropic and has very low moduli for < 111 > shear and
< 001 > tension. Also the < 001 > shear modulus and < 011 > modulus are the same. C′ and C44
correspond to the stiffness associated with shear along the < 110 > and < 001 > respectively. Ren et
al. observed softening of the C′ and C44 near the Ms temperature in NiTi [104].
Talling et al. showed that for GUM metal the β to α′′ transformation was a more favourable
deformation mechanism than ideal shear. The reversible transformation was observed using SXRD
[98]. It was hypothesised that α′′ had not been observed previously in GUM metal because the alloys
had only been tested using lab X-ray. The α′′ forms at locations near the tensile axis and at ∼45 ◦ to
the loading axis. As the SXRD beam propagates through the sample grains, diffraction patterns of
grains of all orientations can be observed.
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2.7 Thermomechanical treatments
The thermomechanical process used as a standard amongst numerous research groups analysing SE
or SM behaviour involves melting, homogenising and cold rolling the sample to a reduction of ∼95%
followed by solution treatment above the β transus and quenching. The samples for this thesis were
produced in the same way, as explained in section 3.3. The thermal treatments which have proved
to improve behaviour include varying the rolling temperature, the solution temperature and ω-ageing
samples for various lengths of time. All thermal treatments are finished by quenching in order to retain
as much β as possible. In this section the effect of thermomechanical treatments on the superelastic
behaviour of mβTi will be discussed.
The alloys tend to be triple arc melted in an inert atmosphere and homogenised in order to produce
a sample with homogenous composition. The sample is then cold or warm rolled, solution treated
and quenched. Post process ageing has been shown to further improve SE behaviour.
The aim of the thermomechanical treatment is to increase the critical stress for permanent de-
formation without impeding the critical stress for transformation. In the cases where a suitable
implant material is being developed maintaining a low modulus is also critical. It has been shown
that strengthening the matrix by refining the grain structure or by using precipitates and interstitial
additions can be very effective. In the case where a low modulus is required grain refinement has been
shown to be very effective [72, 105].
2.7.1 Thermal production methods
Grosdidier et al. investigated the effect of different solution treatment temperatures on the SE prop-
erties of β-Cez. The solution treatment temperatures were 920 ◦C, 860 ◦C, 850 ◦C and 800◦C. The
structures were β for the sample solution treated at 900 ◦C and β+α for the others. The presence of
7% α had a deleterious effect on the SE properties but it did not impede SE behaviour [106].
Meta stable β titanium
The β transus temperature in titanium can be lowered using β stabilisers. In pure titanium the
transus temperature is 882 ◦C at relatively low cooling rates, 4 ◦C/ s, but decreases with cooling rate
to 850 ◦C for cooling rates of the order of 10,000 ◦C per s [51]. In order for β to be meta stable a
certain quantity of β stabiliser is required and the alloy has to be quenched. Heat treatments are
likely to cause the nucleation and growth of both α and ω.
Sun et al. analysed the effect of ageing temperature on Ti-6.4Mo at.% (12 wt.%) as shown in figure
2.44 [4]. Quenched, the alloy has a ductility of 45% with a UTS of 600 MPa. The figure shows the
electrical resistivity and dilatometry results in figure 2.44a and the stress strain behaviour in figure
2.44b. Both samples were annealed at 300 ◦C for eight hours. The first sample was then annealed
at 500 ◦C for eight hours. This sample has a ductility of 9% and an UTS of 950 MPa. The second
sample was annealed at 520 ◦C for 8 hours and had a ductility 1% and a UTS of 1520 MPa. The
resistivity and dilatometry results are split into five temperature ranges labelled zones A−D and the
zone beyond the β transus.
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Figure 2.44: a: Dilatometry and resistivity results for Ti-6.4Mo (at.%). b: Mechanical curves of
Ti-6.4Mo for different thermal production methods. Redrawn from reference [4] by Sun et al..
The isothermal ω was precipitated from the athermal ω by a diffusional transformation at 178 ◦C.
From 300 ◦C to 517 ◦C isothermal ω transformed into nano scaled precipitates of α. Ageing above
517 ◦C caused the nano precipitates to grow. At 593 ◦C conventional inter and intragranular α formed.
Therefore ageing the sample at 300 ◦C for 8 hours allowed for the isothermal ω to α transformation
and the heat treatments at 500 ◦C and 520 ◦C allowed for different concentrations and distributions
of intragranular α. Clearly the growth of intragranular α significantly strengthens the matrix and
increases the UTS at the cost of ductility.
2.7.2 Solution treatment and ageing
Sun et al. also investigated the effect of thermal treatments on Ti-20Nb-6Zr. The authors compared
as-rolled, as solution treated and quenched and rapidly aged samples as shown in figure 2.45 [36, 87].
The samples were melted, homogenised at 900 ◦C under high vacuum for 20 h and then by cold rolled
with a 99% reduction in thickness. The mechanical curve for this sample can be seen in blue. The alloy
has yield stress of ∼ 1000 MPa but does not show a significant superelastic recovery. As-rolled samples
were solution treated at 900 ◦C for 30 min and quenched. The mechanical curves for these samples are
shown in black. This production method tends to be used when investigating superelastic properties.
This method of production has been used for every mechanical curve shown in the literature review
so far and is the production method used for the experiments outlined in this thesis. Sun et al. have
shown that ageing the sample at 600 ◦C for 360 s instead of solution treatment is beneficial to the SE
behaviour of Ti-Nb-Zr (red).
As-rolled, the elasticity is non-linear due to the presence of rolling induced α′′. The SE behaviour
in this case is due to the reorientation and growth of the pre-existing α′′. Solution treatment involves
heating the alloy above the β transus temperature, allowing for dislocation annihilation and for the
alloy to retain as much β as possible on quenching. If ageing below the β transus ω and α will nucleate
and grow. The aim is to balance the rapid recrystallisation of the matrix without growth of ω and α
precipitates. Omega and α growth should be avoided as it leads to local stabiliser enrichment and in
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turn local stabilising of the matrix. This inhibits the SE transformation. The matrix was strengthened
through grain refinement and precipitation hardening. The β grains for the rapidly aged samples are
1-2µm in size. The rapidly treated samples show improved SE behaviour due to an increased yield
stress for plastic deformation.
A 3.2% SE recovery was achieved with a max stress of 750 MPa. Stress induced α′′ was identified
in most of the β grains by TEM observation after 3.5% strain. Suggesting the α′′ is trapped in the
microstructure when plastic deformation occurs, during the tensile testing [36]. The very fine grain
structure of the matrix does not appear to have impeded SE behaviour showing that grain refinement
is an effective way of strengthening a superelastic alloy.
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Figure 2.45: Mechanical curves for different production methods of Ti-20Nb-6Zr by Sun et al. [36].
The alloy was cold rolled with a 99% reduction and solution treated at 900 ◦C for 30 min or rapidly
aged at 600 ◦C for 360 s.
Takahashi et al. performed DSC tests and in-situ optical microscopy on Ti-Nb-Sn alloys in which
samples were air cooled for various periods of time between solution treatment and quenching [71].
It was shown that the Ms and Af temperatures increased for increasing time ageing at room temper-
ature before quenching. Air cooling the sample for 30 seconds prior to quenching increased the Ms
temperature by ∼30 K. The values remained constant for consecutive thermal cycles. Takahashi et
al. and Moffat et al. also investigated the effect of quenching cooling rates [71, 17]. It was shown that
during quenching the formation of both α′′ and ω can be simultaneously favourable. The favoured
transformation is determined by the quenching rate. ω formation requires diffusion and as such re-
quires more time to form than α′′. α′′ therefore appeared to form in thinner parts of the sample where
the heat dissipated more quickly and ω in the thicker parts [17].
Ferrandini et al. investigated the effect of ageing Ti-35Nb-7Zr-5Ta and Ti35Nb-7Ta wt.% at 200,
300, 400, 500, 600 and 700 ◦C for 4 h [107]. For both alloys the β phase is retained up to 400 ◦C as
observed using XRD. At 500 ◦C and above α peaks can be seen in the XRD patterns. In both cases
the formation of ω appears to have been suppressed. As the β phase was fully retained at 300 and
400 ◦C for 4 h the alloys were aged at 300 and 400 ◦C for 90 h. At 300 ◦C the TNTZ alloy precipitates
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α whereas the Zr free alloy precipitates ω. The suppression of ω was attributed to both the addition
of Zr and the significantly higher oxygen and nitrogen contents of the TNTZ alloy [107]. At 400 ◦C
no ω peaks were observed. At both temperatures TNTZ is still mainly β after 90 h. Suppressing ω is
important for potential high temperature applications.
Li et al. investigated the affect of the martensitic transformation on the elastic and plastic de-
formation mechanisms in Ti-24Nb-4Zr with 7.6 and 7.9 wt.% Sn and 0.07 and 0.11 wt.% oxygen.
The combined higher levels of Sn and O are enough to suppress the β to α′′ transformation resulting
in a nonlinear elastic ramp as opposed to the double yielding effect associated with martensitically
transforming alloys [108]. The samples were hot forged and cold rolled. Hot forged the 7.6Sn alloy
had a fully retained β structure. Cold rolled, the alloy had a β+α′′ structure which returned to pure
β when aged for 24 h at 350, 400 and 450 and 500 ◦C. The α phase is precipitated to produce a
β+α structure with increasing volume fraction of α for increasing temperature. The precipitation of
fine α during ageing improved the fatigue strength of the alloy by improving the resistance to fatigue
crack initiation [108]. The cold rolled sample had a 50% improvement in fatigue strength over the hot
forged sample due to the finer microstructure.
Omega ageing
The compositional ranges for alloys which behave superelastically at room temperature can consist of
a combination of α, β, ω and α′′. The quenched phase structure of samples within the compositional
range will be either β + ω or β + ω + α′′. The ω phase has been shown to both improve and impede
SE behaviour dependent on the size of the precipitate. Figure 2.46 shows the effect of ω ageing
on the SE behaviour of Ti-24Nb-2Zr at.% cold rolled to 75% reduction, solution treated at 800 ◦C
and aged at 300 ◦C for 0.5, 1, 2, 3, 4 and 5 hours [109]. The mechanical curves of the alloy for
various heat treatments can be seen in figure 2.46. The critical stress for transformation, the yield
stress and the recovery strain for the samples have been plotted in figure 2.47. The ω increases
both the transformation stress and the yield stress by precipitation hardening the matrix. After four
hours the transformation stress increases rapidly, surpassing the yield stress and in turn impeding
the transformation. The ω precipitates strengthen the matrix by pinning boundaries, including twin
boundaries. This pinning impedes matrix dilation and rotation and in turn impedes the transformation
and twinning of the matrix. This causes slip to become the favourable deformation mechanism. The
transformation is sensitive to the composition of the matrix. Omega has been shown to be a titanium
rich phase and as such its precipitation and growth causes local β stabiliser enrichment and in turn
local stabilising of the β phase. This increase in stability of the parent phase also impedes the
transformation [110, 49]. The sample aged for two hours has a significantly improved superelastic
strain and increased transformation and yield stress. The ω phase strengthens both the parent phase
and the martensite. Any plastic deformation associated with the transformation is therefore impeded
and in turn the reversibility of the transformation is improved [109].
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Figure 2.46: Ti-24Nb-2Zr at.% solution treated at 800 ◦C for 1 h and aged at 300 ◦C for 0 s, 30 min,
1 h, 2 h, 3 h, 4 h and 5 h. Redrawn from reference [109] by Li et al..
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Miyazaki et al. investigated the effect of various temperatures and durations of solution treatment
and ageing in Ti-Nb binary alloys [111]. They showed an improvement in SE behaviour by lowering
the solution treatment temperature from 800 ◦C to 600 ◦C followed by ω ageing. Figure 2.48 shows the
effects of the changes in heat treatment to the SE behaviour. The lowering in solution treatment alone
causes a drop in the critical stress for transformation and an increase in yield stress. Reducing the
solution treatment temperature slows grain growth leading to a finer grain structure and a stronger
matrix. Inamura et al. observed grain size of 2µm compared to 70µm when annealed at 1000 ◦C
[112]. The subsequent ageing in of ω increases the critical stress to above that of the conventionally
solution treated sample and significantly decreases the residual strain. In samples which did not show
complete recovery the reverse transformation was thermally induced. The strain recovered thermally
is indicated by the dotted line arrows. Having noticed a significant improvement the effect of different
ageing times was investigated, the results of which can be seen in figure 2.49 for Ti-26Nb (at.%).
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Omega ageing at 300 ◦C allows for an almost complete recovery of 3% strain at room temperature
in a binary alloy with a critical transformation stress of ∼ 300 MPa. Ageing the sample for a longer
period of time impeded SE behaviour. This is important when considering mβTi for high temperature
applications. High temperature SE alloys would need to be designed to behave superelastically for
a structure with ω pre grown to a maximum size or to suppress the formation of ω. Alloys with
a significant ω content tend to be impractically brittle. Where ω is formed the alloys have to be
designed with local enrichment in mind and the energy for slip would have to be increased in order
to counteract the pinning of the transformation twin boundaries.
Ohmori et al investigated the effect of ω precipitation on the β to α and α′′ transformations in
Ti1023 using transmission electron microscopy [113]. The α phase is shown to nucleate from the β/ω
interface so that a two step ageing method caused the homogenous nucleation of the α phase in β.
Nucleating ω briefly caused an acceleration is the β to α′′ transformation suggesting the α′′ might
be nucleating from the β/ω interface as well. However, the transformation was also seen when the
sample was α aged for a brief period of time. Also, the transformation from ω to α′′ was calculated
to be higher than for β to α′′ due to the structure having to first revert from the ω structure to
the β structure before transforming to the α′′ structure. It was therefore concluded that it is the
lattice softening prior to ω or α transformation that leads to an accelerated β to α′′ transformation
on quenching [113].
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behavior of Ti-(26-28)at.% Nb alloys). Data from [67] and [111].
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annealed at 600 ºC for 10 min and aged at 300 ºC 0 min, 30 min, 1 hr and 10 hr.
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Figure 2.49: Effect of thermo-mechanical treatment on mechanical properties and shape memory
behavior of Ti-(26-28)at.% Nb alloys). Data from [67] and [111].
2.7.3 Hot and cold mechanical processing
Polycrystalline materials have grains of different orientations. If the grains are perfectly randomly
oriented the anisotropic properties of grains are averaged out to give isotropic macroscopic properties.
If, however, there is a preferred orientation of grains, the macroscopic behaviour of the sample becomes
anisotropic. This preferred orientation is often referred to as texture. It has been shown that the
extent of the superelastic transformation is sensitive to the preferred orientation of the grains in
relation to the straining direction. Therefore the texture of the sample affects the total potential
transformation recovery strain.
The stiffness of lattice structures are also anisotropic with the stiffness being inversely proportional
to the length of the atomic bond. When cold rolled this anisotropy causes a preferential orientation
of grains relative to the rolling direction. Cold rolling significantly affects the texture of a sample and
the magnitude of the texture is directly related to the severity of the rolling reduction in thickness.
Abdel-Hady et al. investigated the change in anisotropy of mechanical properties with β stability.
They varied both composition and mechanical production methods. The texture was shown to increase
with increasing reduction ratio of cold rolling and β stability so that the most stable alloy investigated
in the study had the most pronounced texture [103]. By 90% reduction a {100}< 110 > rolling
texture with a strength 97.5 times larger compared with random orientation was observed with the
rolling direction and transverse direction parallel to < 110 > [103]. In less stable alloys {211}<
110 > and {111}< 112 > rolling textures were also observed. The alloys which were solution treated
post cold rolling developed recrystallisation textures. Due to preferential grain growth for certain
orientations the texture developed during cold rolling significantly affects the recrystallised texture.
In this case the tendency to form the recrystallisation texture increased with decreasing β stability.
The texture of alloys with a low β stability was {112}< 110 > whereas the more stable alloys developed
a {211}< 110 > texture [103, 19]. Stable β alloys are therefore more likely to develop a strong rolling
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texture and alloys with lower β stabilities are more likely to develop recrystallisation textures. During
recrystallisation shear bands form nucleation sites for grains causing a finer grain structure in less
stable alloys. Non-linear elasticity was observed on the least stable fully retained β alloy. The non-
linearity was said to be due to accumulated elastic strain stored after cold rolling [103] and by the
onset of the martensitic transformation.
In single crystals of SE material the maximum possible transformation strain can be achieved if
deformed into a single martensite variant. Therefore in order to maximise the transformation strain
of a polycrystalline material it is beneficial to have a highly developed texture [19]. In Ti-Nb-Al
the SE strain in the rolling direction was 4.7% compared to 2.2% in the transverse direction [19].
Inamua et al. investigated the effect of texture on the macroscopic transformation strain of Ti-Nb-Al
[19, 112]. The alloys were cold rolled 99%, solution treated at 1000 ◦C for 30 min and quenched.
The equiaxed β grains had an average grain size of 74µm. Each grain was severely deformed but
the solution treatment caused adequate recrystallisation to have annihilated most of the dislocations.
Fine nano-metre sized athermal ω was observed using TEM. In the as-rolled material a mixture of
{001}< 110 > and {111}< 112 > type texture was observed. However, after solution treatment a
{112}< 110 > texture was observed, the same texture observed in the less stable alloys investigated
by Abdel-Hadu et al. [103]. The pole figures created by Inamura et al. show that the texture develops
significantly from 95 to 99% deformation.
Inamura et al. calculated the potential energy reduction associated with stress induced variant
formation. The variant with the most prominent reduction in energy would be preferentially induced.
The calculation takes into consideration the angle of the applied stress relative to the rolling direction
and the necessary lattice strains. The martensitic transformation requires the compression of the
[100]β and a compression and extension of either the [011]β and [011]β (βa) or [011]β and [011]β (βb)
respectively. There are 12 possible lattice deformation combinations or variants; six for both βa and
βb, as shown in figure 2.51. The energies calculated are the same for βa and βb, therefore, only six
variant energies are shown. When the tensile direction is in line with the rolling direction only variant
five forms. If the alloy was entirely transformed into variant five the macroscopic transformation
strain in the tensile direction would be 2.7%. For angles above 10 ◦ three variant energies can be
negative and in turn can be energetically favourable [19].
Kim et al. investigated the effect of severe cold rolling on the SE behaviour of Ti-22Nb-(6Ta)
[68, 114]. They calculated the orientation density distribution of the alloys in the cold worked and
solution treated states. The samples were solution treated at 600 ◦C for 10 min or at 1000 ◦C for
30 min. The cold rolling created a strong {100} < 110 > deformation texture in line with the
rolling direction. The texture remained the same for the sample annealed at 600 ◦C. For the sample
annealed at 1000 ◦C, however, the recrystallisation caused the deformation texture to transform to a
{112} < 110 > recrystallisation texture.
The maximum possible transformation strain can be calculated using the lattice parameters of
the parent and the martensite phase as inputs for a phenomenological calculation explained in section
2.10. These values were calculated and plotted for the two alloys as shown in figure 2.52a&b. For both
alloys the largest possible transformation can be attained in the [110] direction [68, 114]. In order to
maximise the SE recovery strain, the samples should therefore be severely cold rolled and uni-axially
loaded parallel to the rolling direction, this was also observed by H Hosoda et al. in Ti-Nb-Al [115].
Kim et al. went on to calculate the maximum attainable recoverable strain by combining the
orientation density distribution with the maximum calculated strain values for each orientation. The
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Figure 2.50: Interaction energies of six variants versus angle between the rolling direction and the
tensile direction for Ti-Nb-Al. Redrawn from reference [19] by Inamura et al..
calculated and experimental results can be seen in figures 2.52c&d. Though the experimental results
for the sample annealed at 1000 ◦C do not correlate perfectly in magnitude to the empirical results the
trend does appear to be correct. More importantly it is shown that the transition from a deformation
texture to a recrystallised texture should not impede the SE transformation.
The grain size has been shown to affect the Ms temperature and in turn SE behaviour [116]. Hot
forged Ti-Nb-Ta-Zr was solution treated at 1023, 1123 and 1233 K for 30 min, 1 h, 4 h and 8 h. The
variation in solution treatments caused variations in grain size and in α′′ volume fraction. It was
shown that the volume fraction of α′′ is affected by the grain size of the matrix and significantly
suppressed below a matrix grain size of ∼50µm [116]. In the hot forged alloys the volume fraction of
α′′ also decreased for grain sizes above 50µm. However, this observation was contrary to numerous
other investigations which show that for grain sizes above 50µm the β stability is not affected by
grain size [116].
Ti-24Nb-4Zr-7.9Sn is one of the developed multifunctional β alloys referred to as Ti2448. Ti-
24Nb-4Zr-7.4Sn undergoes the double yielding phenomenon due to the martensitic transformation,
but Ti-24Nb-4Zr-7.9Sn does not due to an increase in β stability [108]. Ti2448 deforms with nonlinear
elasticity almost irrespective of thermomechanical production method unlike GUM metal in which
the nonlinear elasticity is highly dependent on the thermomechanical production methods [117]. An
almost full recovery is observed for an applied 3% strain. Hao et al. showed that cold rolling Ti2448
caused the grain size to be less than 50 nm for 90% reduction. The grain size did not decrease further
from 90% to 97% reduction [118]. The flow stress is shown to only increase 5.5% compared to before
cold rolling unlike other nano structured metallic materials which increase in strength by several
100% [118]. The addition of 7.6, 7.8, 7.9,8 and 8.1 Sn to Ti-24Nb-4Zr shows that for 7.9 Sn the
Poisson’s ratio and the bulk shear can be minimised causing Ti-24Nb-4Zr-7.9Sn to have an shear and
bulk modulus of ∼20 GPa after 6% pre-strain. After unloading, the release of internal stress at room
temperature causes the stiffness to partially recover to ∼33 GPa [119]. This material is therefore a
good candidate for an implant material due to its decreased mismatch in stiffness to cortical bone.
The severe grain refinement, or nano structuring, was deformation induced an shown by Xu et al.
in Ti-Nb-Ta-In and Ti-Nb-Ta-Cr [120, 121] and in Ti-24Nb-4Zr-7.6Sn by Li et al. [108]. β grains were
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Figure 2.51: Illustration showing the possible variant combinations by N.G. Jones
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observed with grain sizes from 50 to 100 nm. The two alloys tested in the study had β stabilities of 8.6
and 18 wt.% Moeq so that the former alloy is predisposed to α
′′ transformation and the latter is too
stable for the martensitic transformation. The samples are compressed to an overall length reduction
ratio of ∼75% and analysed using SXRD, optical microscopy, SEM and TEM. The nano structuring
was only observed in the less β stable alloy, suggesting that the reversal of the α′′ formation causes
severe refinement of the parent grain structure. The initial strain is accommodated by α′′ formation
and mechanical twinning. The width of the β between two α′′ plates is ∼100 nm. With increasing
strain slip is activated. The lower symmetry of the α′′ phase causes it to have fewer slip systems than
β. The interaction of dislocation at the β/α′′ interface further subdivides the β grains. The heat
generation upon plastic deformation causes the martensite to transform back to the austenitic state
providing more slip systems, potentially allowing severe plastic deformation. The sample consisted of
martensitic zones, where severe grain refinement was observed, and untransformed zones, leading to
an inhomogeneously refined structure [120].
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Figure 2.52: a and b : The orientation dependence of the calculated transformation strain associated
with the martensitic transformation from the β to the α′′ phase in the Ti-22 at.% Nb alloy. c and d:
The orientation dependence of the calculated transformation strain and the experimentally obtained
maximum recovery strain for the specimens severely cold rolled and heat treated at (a) 600 ◦C for
10 min and (b) 900 ◦C for 30 min for the Ti-22Nb-6Ta at.% alloy. Figures redrawn from reference[114]
by Kim et al..
Min et al. showed that a combination of ageing and pre-straining could be used to increase yield
stress without completely suppressing the ductility of a Ti-15Mo wt.% [110]. The alloy was tested in
the (i) solution treated (ST), (ii) aged (STA) and (iii) solution treated, 4% strained and subsequently
aged (STDA) states. The samples were aged at 300 ◦C. The yield stress of the aged sample almost
doubled, due to the nucleation and growth of ω, but the ductility was decreased to almost a third
of the ST sample. The STDA sample had a similar yield stress to the STA sample, but a ductility
closer to half that of sample ST. {332}< 113 > twins are observed in the ST and STDA samples but
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not in the STA sample. The ω therefore has impeded the nucleation and growth of the twins due to
the Mo-enrichment and in turn local stabilisation of the matrix [110]. The favourable deformation
mechanism in the locally stabilised matrix will be slip.
Warm rolling
Li et al. investigated the effects of warm rolling Ti-24Nb-4Zr-(7.6-8)Sn and its effect on mechanical
properties [105, 122]. The aim of the investigation is to discover a means of increasing the strength
of biocompatible alloys without increasing stiffness. Warm rolling the alloys at 200 ◦C suppresses the
formation of α′′ in production. The grain structure is significantly refined as shown by the broadening
of the XRD β peaks. It is suggested that the grain refinement suppresses the α′′ formation but does
not impede it, as nano sized α′′ is detected in selective area diffraction patterns on TEM. The alloys
are hot forged and rolled at 900 ◦C then either cold rolled or warm rolled. The as-hot-forged alloy
undergoes the double yielding phenomenon where the critical stress for transformation and the onset
of the plateau region are distinct points on the mechanical curve. In the cold rolled state the strength
of the alloy is significantly improved but at the expense of ductility. In the warm rolled sample
the alloy has the same ductility as the hot forged sample but the strength is improved in that the
mechanical curve is non linear but the change in stiffness with strain is constant. This is regarded as
an improvement in the non-linear properties. The alloy undergoes similar superelastic recoveries as
the hot forged alloy but for higher stresses. With the addition of 0.4 wt.% oxygen and warm rolling
at 400 ◦C a recoverable strain of ∼3% is achieved as well as a tensile strength of 1200 MPa, a ductility
of 8% and a stiffness of 56 GPa [122]. Interestingly they state that the recoverable strain cannot be
due to the martensitic transformation because the Ms temperature of Ti2448 is below -730
◦C and
the addition of oxygen and grain refined further decrease the Ms temperature. Instead reversible
movement of dislocations is believed to allow for the significant recoverable strains [122].
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2.8 SXRD work on SE
Synchrotron X-ray diffraction analysis of phase transformations in titanium has been performed by
several groups including Talling and Obbard on GUM [98, 123] and Jones and Raghunathan on
NiTi [124, 125]. Due to the reversible nature of the martensitic transformation, which leads to SE
behaviour, it is important that observations of phase transformations occur throughout the load cycle.
In order to analyse the effect of strain on a representative collection of grains, and not just the surface,
it is necessary to use X-rays with high enough energies to diffract through the samples. The energy
of the beam required is of course related to the thickness of the sample. However, the sample has
to be of an adequate thickness so that the interaction volume contains a representative number of
grains. The size of the grains is determined by the thermomechanical processes which have been
tailored to encourage SE behaviour, allow for direct comparison with published experimental data
and be a commercially viable method of production. SXRD data allows for the identification of phase
structure, texture, lattice parameters and in turn elastic constants. The SXRD processes and sample
preparation are discussed in chapter 3.
Figure 2.53 is an example of a martensitic and austenitic transformation observed using SXRD
[124, ?]. The volume fraction of the austenitic and martensitic phases is related to the area of their
associated peaks. Therefore, the decreasing of peak area or increasing of peak area is associated
with an increase and decrease in phase volume fraction respectively. For the thermally induced
transformations, observed here in NiTi, the spectra are derived from full ring integrations by a process
explained in section 3. The structure transforms completely from B19′ to B2 within a very narrow
temperature range. This also applies for the reverse transformation [124]. For the strain induced
transformation the transformation can be seen to occur gradually from 0 to 8% strain [?]. Because
the beam transmits through the samples, the spectra are representative of grains within the entire
interaction volume.
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Figure 2.53: SXRD diffraction spectra for NiTi. a: NiTi heated from room temperature to 120 ◦C
and cooled back down, with a constant applied stress of 150 MPa. The martensite can be seen to
transform to the austenite phase on heating ad revert back to the martensitic structure on cooling.
The spectra are derived from full ring integrations as explained in section 3. Redrawn from reference
[124] by Jones et al.. b: Strain induced martensitic transformation, strained to 8% strain at room
temperature. Redrawn from reference [?] by Schwaml et al..
Talling et al. determined the diffraction elastic constants (DECs) for GUM metal (Ti-36NB-2Ta-
3Zr-0.3O wt.%) using an X-ray energy of 88 keV through a sample thickness of 1.75 mm. The DECs
were obtained from the gradient of the stress-lattice strain curves. The single crystal elastic constants
were then inferred from the DECs. C′ decreased with decreasing β stability [126]. GUM metal was
shown to deform via reversible martensitic transformation and oxygen was shown to have a significant
strengthening effect but inhibited the transformation by increasing C′ [98].
Obbard et al. investigated the mechanics of superelasticity in Ti-30Nb-(8-10)Ta-5Zr [37]. In
both alloys reversible β to α′′ transformation was observed in SXRD. The phenomenological theory,
explained in section 2.10, combined with the Schmid law predicts the α′′ crystallography and texture.
These predictions, combined with their results, suggest that in Ti-30Nb-10Ta-5Zr the α′′ forms as
untwinned variants, but in Ti-30Nb-8Ta-5Zr it forms as twinned variants. The addition of 2 wt.%
Ta increases the β stability and the C′ modulus by 3 GPa from 10.9 to 13.6 GPa, the e/a value
increases form 4.22 to 4.24. The formation of α′′ as a twinned pair, allowed for stress induced α′′
reorientation, and variant growth. This occurs by the highly mobile twin boundary in α′′, allowing
the α′′ variant with a preferential orientation for growth to grow. This behaviour has been observed
to occur in titanium alloys throughout the plateau region of the mechanical curve. Heinen et al.
investigated the change in volume fraction of different martensite variants during uniaxial and multi
axial loading. In some grains three different martensite variants are observed. Where there are two,
the variants can form a crystallographically compatible martensite twin [127]. On unloading a variant
can completely transform back to the austenitic phase before the other variant in the martensite pair,
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leaving austenite and a single variant. Grains orientated unfavourably to transformation can remain
entirely austenitic even beyond the mechanical plateau region [127].
In NiTi the twins grow as a variant pair until the end of the plateau region, at which point
detwinning becomes energetically favourable, just prior to plastic deformation. It is worth noting
that the models used do not consider pre-textures. It is suggested that reduction in slope in the
mechanical curves prior to the onset of the plateau region is due, in highly textured samples, to early
homogenous nucleation of martensite in a small fraction of favourably oriented grains [127].
When investigating the effect of oxygen content Ti-24Nb-4Zr-8Sn, Obbard et al. observed that the
dominant superelastic transformation mechanism for O contents from 0.20-0.40% is the martensitic
transformation, and for 0.08 to 0.15% O by phase transformation and α′′ reorientation [123]. Obbard
et al. also calculated the Whykoff shear values. The shear value increased from 0.214 to 0.225 with
an increase in oxygen content from 0.08 to 0.20 wt.%. The values were found by refining the Rietveld
fits of the diffraction spectra with the Whykoff shear as a free parameter. An illustration showing the
Whykoff shear in α′′ can be seen in figure 2.6. The Whykoff shear for Ti-Nb is roughly 0.2 [18].
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2.9 High temperature applications
If SE behaviour was reproduced at high temperature it would make to alloys suitable for a significantly
larger range of applications. Several groups have investigated the potential of high temperature shape
memory alloys [78, 50]. The nucleation and growth of ω impedes the martensitic transformation and
in turn SE behaviour. Therefore an alloy system needs to be designed which suppresses ω formation
without overly suppressing the Ms temperature. Miyazaki et al. investigated Ti-Ta and Ti-Ta-Al
as potential high temperature shape memory alloys [78]. As shown in figure 2.21 Ta is a relatively
weak β stabiliser. Miyazaki states that the amount of ω observed in mβTi alloys decreases with
increasing stabiliser content, irrespective of the type of element. Therefore, ω will be more suppressed
at compositions favourable to SE behaviour in Ti-Ta than in Ti-Mo or Ti-Nb. Borok et al. show
the change in hardness associated with increase on ω content with ageing temperature in several
titanium binaries including Ti-Mo, Ti-V, Ti-Nb and Ti-Ta for temperatures between 150 and 600 ◦C.
For Ti-Mo and Ti-V the hardness starts to increase significantly above 300 ◦C, whereas for Ti-Nb and
Ti-Ta the hardness remains relatively constant with temperature [128]. Molybdenum is therefore a
poor choice of stabiliser for high temperature applications unless other means of ω suppression can
be found. The ternary additions of Al and Sn to Ti-30Ta reduce the decrease in Ms temperature
observed with ageing at 300 ◦C. Ti-Ta-(Al)-(Sn) is therefore a good candidate for high temperature
SE.
Sasano et al. investigated the warm temperature SE behaviour of Ti-Mo-Al [50]. Figure 2.54 shows
the summarised strain results of a Ti-14Mo-3Al alloy strained to 3% strain at various temperatures.
Firstly we can observe the instant recovery upon releasing the load which has strained the sample to
3%. The recovery is greatest at 150K and 200K. At 250 K the initial recovery decreases rapidly from
70% recovery at 200 K to 33%, 25% and 3% at 250, 300 and 350K respectively. Once unloaded the
samples are heated in order to analyse the shape memory effect. It can be seen that for the sample
strained at 150K the sample undergoes complete recovery with increasing temperature. Similarly at
200K the recovery is very close to complete, however, above 200K the total thermally assisted strain
recovery decreases with increasing temperature. Suggesting a shift in deformation mechanisms, from
a transformative one to one of plastic deformation.
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Figure 2.54: [50] This graph shows the decrease in recovered SE strain with testing temperature of
Ti-14Mo-3Al. From 150K ago 200K there is no loss in SE recovery. For 150K, 200 K, 250K, 300K350K
the SE recoveries from 3% strain are ∼70%,70%,33%25%and 3% (by eye).
It is worth noting that Monroe et al. have shown the largest SE temperature range for a high
temperature shape memory alloy in tension so far [129]. A complete recovery of 8% applied strain, at
40 ◦C, as well as complete strain recovery of ∼6% strain in the same alloy, at various temperatures,
up to and including 300 ◦C, was achieved in single crystal Co-Ni-Ga [129].
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2.10 Phenomenological theory, WLR
Wechsler, Lieberman and Read devised a theory based on a theory originally proposed by Bain to
calculate lattice deformation associated with the formation of martensite [130]. Martensites form
by a diffusionless transformation. The atoms movements are fractions of an atomic spacing and yet
the cumulative movement results in a significant macroscopic strain. The diffusionless aspect of the
transformation relies on there being an interface plane between the parent phase and the martensite
without strain. The way in which a plane of zero strain can be achieved is by the martensite forming
as a twinned structure where the area of zero averaged strain is regarded as an area considerably
larger than the twins. These twinned sections of the martensite have the same structure but vary in
orientation and are referred to as variants. The twin boundary between two variants is mobile, the
movement of such a boundary is shown in figure 2.29.
Macroscopically the transformation involves a simple shear at the interface between the two phases
and contraction in the direction of the interface plane normal. Micro-structurally the transformation
involves a reorientation, shear and a dilation of the parent lattice. The WLR theory calculates these
angles and distortions using solely the lattice parameters of the parent and martensitic phase. This is
done mainly by matrix manipulation including using rotation matrices to alter the system axis related
to vectors. The axis systems being either relative to the parent phase, or the interface plane. The
theory also uses the cross product and Euler theorem to calculate angles and vector relations.
The theory is based on an observation of a reversible transformation with no macroscopic change
in volume being one which can only happen is the transformed phase is a twinned structure. The
theoretical results correlate well with the experimental results which in the article ’Cubic to or-
thorhombic diffusionless phase change experimental and theoretical studies of Au-Cd’ by Wechsler,
Lieberman and Read is Au-Cd. The following in depth explanation of the theory is a culmination of
the aforementioned paper and Shame Memory Materials by Otsuka and Wayman [1].
The authors start by defining the orientation relationship between the parent phase and the
martensite. It is shown that there are two twins that rotate about different axes and dilate according
to their distortion matrices. At this stage the rotation required to transform from one twin to the
next can be calculated but the rotation from the parent phase to either twin cannot. They go on to
define the distortion as the product of four rotation matrices and a distortion matrix F. The matrix
F is calculated using the distortions required for both twins and the rotation from one twin to the
other. The non zero components of the distortion matrix F are the pure distortions associated with
the transformation relative to the interface plane. Some matrix manipulation allows the calculation
of the relative amount of the twins which in turn allows the calculation of the interface plane normal.
Once the interface plane normal has been calculated the total distortion matrix E is calculated using
the newly found angle which defines the rotation from the parent phase to the first twin. As such
solely the lattice parameters and the orientation relationship between the two phases can be used to
calculate the interface orientation or habit plane, the relative amount of twins, the twin plane and the
macroscopic shear associated with the martensitic transformation. The following section describes
this process in detail.
The theory relies on there being a plane of zero averaged distortion and that the orientation
relationship between the parent phase and the martensite will be defined by the lowest energy config-
uration. Figure 2.55 shows the orientation relationship between the parent phase and the martensite
to be 110p||100m so that two of the martensitic lattice parameters will be
√
2a0. Where a0 is the
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lattice parameter of the cubic parent phase and a, b and c will be used to define the martensitic lattice
parameters. Empirical results showed that a0 to a involves a 5.1% contraction and that b and c extend
by 1.4% and 3.5% respectively. As such the orientation which requires the least distortion and as
such is the lowest energy is one whereby a is parallel to the 001p and b and c are set relative to the
110p and 110p planes.
When empirical lattice parameters are substituted into the matrix none of the distortions is equal
to one, or unity. As such there cannot be an invariant plane unless the matrix phase is twinned.
Twinning is associated with structure reorientation. Figure 2.56 shows the axes of rotation as k and
j with rotation angles φ1 and φ2. Note that a parallel to the axis of rotation in both cases.
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Figure 2.55: Illustration showing the orientation relationship, between the cubic and orthorhombic
structures. Redrawn from [130].
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Figure 2.56: llustration showing the rotations from the parent phase of the two variants. Adapted
from [130].
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The distortion matrix for the first twin is therefore T ′1 and the distortion matrix for the twin
rotated around the j axis is T ′′1 so that the distortion in line with a is always in line with the axis of
rotation. In these matrices the top, middle and bottom lines are associated with the vectors i,j and
k. The distortion matrices therefore are:
T ′1 =

b√
2a0
0 0
0 c√
2a0
0
0 0 aa0
 T ′′1 =

b√
2a0
0 0
0 0 aa0
0 c√
2a0
0
 (2.10)
Rotating a matrix can be done by multiplying the matrix by a rotation matrix and the inverse of
the rotation matrix. The matrix is being rotated in order to obtain the distortion matrices aligned
with the parent phase lattice. For the rotation lattice R the components of the matrix are cos and
sin 45 ◦ or 1√
2
.
R =
cosθ −sinθ 0sinθ cosθ 0
0 0 1
 (2.11)
T1 =

1√
2
1√
2
0
−1√
2
1√
2
0
0 0 1


b√
2a0
0 0
0 c√
2a0
0
0 0 aa0


1√
2
−1√
2
0
1√
2
1√
2
0
0 0 1
 (2.12)
So that the resulting distortion matrices for the two variants within the martensite, in relation to
the parent lattice T1 and T2 are:
T1 =

√
2(b+c)
4a0
√
2(−b+c)
4a0
0√
2(−b+c)
4a0
√
2(b+c)
4a0
0
0 0 aa0
T2 =

√
2(b+c)
4a0
0
√
2(−b+c)
4a0
0 0 aa0√
2(−b+c)
4a0
0
√
2(b+c)
4a0
 (2.13)
As mentioned before the transformation has an associated shear and rotation or impure transfor-
mation. These matrices are the pure distortions and as such to better represent the transformation
we rotate the matrices by the angles defined in figure 2.56, φ1 and φ2. The pure distortion, with the
elements of rotation combined are as follows:
M1 = φ1T1 M2 = φ2T2 (2.14)
Figure 2.57 shows the macroscopic orientation between the parent phase and the martensite, in
the case of metastable beta titanium these phases would be the β and α′′ phases respectively. The
martensite is in a twinned state. There are two variants for which the volume fractions are x for twin
2 and (1-x) for twin 1. If OV were a scratch on the parent phase OA′ would be the new vector for the
scratch if the martensite consisted solely of variant 2, equally A’B’ would be the vector along which
the scratch would realign if the martensite consisted solely of variant 1. Due to the twinned structure
the new vector of the scratch OV’ is a combination of vectors from both twins. OV′ is therefore = to
OA′+A′B′+B′C′+C′D′++U′V′. This vector OV’ is denoted as r′ where r is equal to OV. As such:
r′ = (1− x)M1r + xM2r = [(1− x)M1 + xM2]r, (2.15)
92
or
r′ = Er. (2.16)
where,
E = (1− x)M1 + xM2 (2.17)
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Figure 2.57: a: Illustration showing interface plane between β and α′′ in which the α′′ consists of a
twinned structure with an uneven volume fraction. b: Illustration showing the orientation relationship
between the interface plane and the twin plane. Adapted from [130].
E is the the total distortion matrix so that any vector in the parent phase, e.g. r will be transformed
to vector r′ by being multiplied by E where r and r′ are vectors expressed with respect to the parent
phase lattice. Though the angles φ1 and φ2 cannot be calculated at this stage the rotation between
the two twins can be defined. Figure 2.58 shows the planes which before transformation were the
(110)p plane, R
′OS′ and R′′OS′′. The vectors OR′ and OS′ must coincide with OR′′ and OS′′ for the
twins to be coherent. As such the planes R′OS′ and R′′OS′′ must coincide post transformation. The
axis of rotation is defined by the vector product of the normals of the two planes. The magnitude of
the rotation is obtained by calculating the scalar product. At this stage the total distortion matrix
is split into a rotational component and a scalar component where the scalar component F is defined
by the twin rotation, the relative amounts of twin and the distortions associated with both twins. As
such, if F has accommodated the rotation from twin 1 to twin 2 the only rotation that is unaccounted
for is the rotation from the parent phase to twin 1. Therefore the total distortion matrix is equal to
F rotated from twin 1 to the parent lattice orientation.
E = φ1F where, F = (1− x)T1 + xφT2 (2.18)
The substitution of empirical values into T1, T2 and the rotational matrix φ substituted into
equation 2.18 creates the matrix in equation 2.19 where d, e, f, g, h and i are variables and x is the
relative amount of twin 2.
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F =
d (e− fx) fxe (d− gx) gx
0 −hx (i+ hx)
 (2.19)
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Figure 2.58: Illustration showing the rotations from the parent phase of the two variants. Adapted
from [130].
It is shown that a habit plane of zero averaged distortion can only be satisfied for set values of x, or
set relative amounts of the two twins. This is achieved using general properties of matrices including
expressing non symmetric matrices as a product of the matrix’ symmetric form and a rotation matrix
and diagonalising matrices by stating that the original matrix is a product of it’s diagonalised form
multiplied by a rotation matrix and the transpose of said rotation matrix. In essence the distortion
matrix F is being rotated to lie parallel to the invariant plane and is then rotated again so that the
strains can be defined as three pure strains in a symmetrical diagonalised version of F called Fd in
which the three non zero components are the principal distortions associated with the transformation.
The rotation matrix which multiplied by F gives Fd is Ψ.
F = ΨFs therefore, E = φ1ΨFs (2.20)
The rotation matrix and its transpose which diagonalises the symmetric matrix Fs are Γ and Γ
∗.
Fs = ΓFdΓ
∗ therefore, E = φ1ΨΓFsΓ∗ (2.21)
The total distortion matrix E is now defined as the product of four rotation matrices and a
distortion matrix Fd. The lattice distortions are therefore entirely defined by Fd.
Fd =
λ1 0 00 λ2 0
0 0 λ3
 (2.22)
For the habit or interface plane to be one of zero averaged strain one of the principal strains must
be zero and in turn one of the principal distortions must be equal to one. Figure 2.59 shows the
orientation of the distortion matrix eigenvalues.
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Figure 2.59: Illustration showing the principal distortion of the interface plane in relation to id, jd
and kd. Adapted from [130].
An invariant plane requires one of the eigenvalues to be equal to unity. As one of the distortions
in the plane is unity there isn’t an associated volume change. The determinant of a matrix can be
calculated by multiplying a matrix by its determinant. If a 2×2 matrix with determinant of -2 were
multiplied by a 2×2 matrix the area defined by the matrix would double and reflect. This is analogous
for a 3×3 matrix in that a similar multiplication would cause a doubling in volume. In turn, if the
determinant of the distortion matrix F was 1 the transformation would not lead to a volume change
and as such the interface plane would remain invariant. As F is a diagonal matrix the transpose of the
matrix is the same. As such F ×F ∗ is the same as F ×F . When a strain is nil the distortion is 1, the
strain is equal to the distortion minus 1. Similarly the distortion matrix can become a strain matrix
by subtracting an identity matrix. An identity matrix is a diagonal matrix where all the components
of the matrix are one. In summary, if the determinant of the matrix, F multiplied by its transpose and
with a 3×3 identity matrix subtracted, is equal to zero then the volume can be said to be constant.
FdF
∗
d − I =
λ1 0 00 λ2 0
0 0 λ3

λ1 0 00 λ2 0
0 0 λ3
−
1 0 00 1 0
0 0 1
 (2.23)
FdF
∗
d − I =
λ
2
1 0 0
0 λ22 0
0 0 λ23
−
1 0 00 1 0
0 0 1
 (2.24)
det(FdF
∗
d − I) =
∣∣∣∣∣∣∣
(λ21 − 1) 0 0
0 (λ22 − 1) 0
0 0 (λ23 − 1)
∣∣∣∣∣∣∣ = (λ21 − 1)(λ22 − 1)(λ23 − 1) (2.25)
Therefore, if λ3 is equal to unity:
det(FdF
∗
d − I) = 0 (2.26)
As the determinant of the distortion matrix is the change in volume when λ3 is equal to unity the
change in volume is zero.
det(FdF
∗
d − I) =
dV
Vp
= 0 (2.27)
The authors go on to show that due to determinants being unaffected by rotations the same rules
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apply for the the distortion matrix F as do for the symmetrical diagonalised matrix Fd and as such,
det(FF ∗ − I) = 0 (2.28)
Equation 2.28 is then substituted into equation 2.18 and solved to give us two values for x. At
this point the algebraic expressions are described as ’unwieldly’ and numerical substitutions are used
for clarity. The roots of the resulting quadratic equation were both positive, less than one and added
to be equal to one. We now know the dilational distortion associated with transformation, F, and the
relative amounts of each twin, x and (1-x). The next step is to define the interface plane.
2.10.1 Interface plane
Figure 2.60a shows two points P and P0 on a plane. As the normal is orthogonal to the plane it is
also orthogonal to any vector which lies on the plane. Two orthogonal vectors will have a dot product
of zero. The vector equation of a plane is therefore as follows,
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Figure 2.60: Illustration, showing the principal of orthogonal vectors and their dot product. Adapted
from [130].
~n · (~s− ~s0) = 0 (2.29)
can also be defined as,
(a, b, c) · [(x, y, z)− (x0, y0, z0)] = 0 or (a, b, c) · [x− x0, y − y0, z − z0] = 0 (2.30)
The diagonalised matrix Fd coincides with the interface plane. This axis system is referred to
as (id, jd, kd). A vector in the martensite r
′
d, in the diagonalised axis system, is the product of
the diagonalised distortion matrix Fd and rd. Where rd is the untransformed vector in the same
diagonalised axis system. The vector is defined as having a x,y and z component, where x and y are
on the interface plane and z is parallel to the plane normal.
a) rd =
xdyd
zd
 b) r′d = Fdrd (2.31)
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If the vectors satisfy the relation whereby,
r2d = r
′2
d = (Fdrd)
2 (2.32)
The length of all vectors rd which satisfy equation 2.32 will remain the same in the transformed
state. The substitution of matrix Fd and rd into equation 2.31b leads to,
λ1x
2
d + λ2y
2
d + z
2
d = x
2
d + y
2
d + z
2
d (2.33)
which in turn leads us to the equation of two planes,
(λ21 − 1)x2d + (λ22 − 1)y2d = 0 (2.34)
The interface plane can be calculated in the (id, jd, kd) axis system by substituting the values λ1
and λ2 into the plane equation 2.34.
Figure 2.60b shows a vector ~s0 and its direction cosine angles α, β and γ. If ~s0 is a three dimensional
vector, then ~s0 = uxex + uyey + uzez. Where ex, ey and ez are the directions [100],[010] and [001] and
ux, uy and uz are the scalars. The direction cosines are as follows:
A = cosα =
s0 × ex
|s0| =
ux
(
√
u2x + u
2
y + u
2
z)
(2.35)
Where α is the direction angle and A is the direction cosine angle. In order to calculate the
direction cosines of the interface plane normal relative to the parent phase axis system the rotation
matrix Γ is used. This rotation matrix was defined as the rotation matrix which when used in
conjunction with its transpose rotated the symmetrical rotation of F, Fs into the diagonalised version
Fd. As we have managed to calculate the distortion matrix F we shall now extract the rotation matrix
Γ using more matrix principles. Since,
FF ∗ = (ΓF ∗dΓ
∗Ψ∗)(ΨΓFdΓ∗) = Γ(F ∗dFd)Γ
∗ (2.36)
where Ψ rotates F into Fs and Γ,Γ
∗ rotate Fs to Fd. As Fd and F ∗d are the same, Γ and Fd can be
obtained by diagonalising FF ∗ and extracting the square root. Once Γ and Fd are known the rotation
matrix Ψ can be calculated.
If therefore the vector equation of the plane 2.33 is relative to the diagonalised axis system and
has scalars x2d, y
2
d and z
2
d where z
2
d=0 (as λ3 = 1), then the normal to the interface plane nd is equal
to:
nd =
x2d
(
√
x2d + y
2
d)
(2.37)
For set values of λ1 and λ2 there is a set fraction of xd over yd. For Au-Cd for example, λ1, λ2
and λ3 were 1.027, 0.9696 and 1. The substitution of these values into the plane equation 2.34 gives
a xdyd value of ±1.044.
nd =
1
[
√
1 + (1.044)2]
 1−1.044
0
 =
 0.6916−0.7222
0
 (2.38)
97
Finally, the normal to the interface plane relative to the parent phase is given by:
n = Γnd =
 0.6968−0.6810
0.225

p
(2.39)
This interface plane normal was calculated using only the lattice parameters of the parent and
martensitic phases. Assuming that the interface plane between the two phases is one of zero averaged
distortion, from a cubic parent phase into a twinned orthorhombic phase.
2.10.2 Shear
The macroscopic transformation involves a simple shear on the interface plane and a contraction in
the direction of the interface plane normal. The interface plane normal n is labelled. The macroscopic
distortion and the normals are shown in figure 2.61. The cross product of two vectors yields a third
vector which is perpendicular to both the original vectors. As such in the case of the invariant plane
system (id, jd, kd) for example, id will be the cross product of jd and kd as id is perpendicular to both
jd and kd.
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Figure 2.61: Illustration showing the shear angle associated with the martensitic transformation.
Adapted from [130].
The shear direction ~s is parallel with jd and the plane normal relative to the invariant plane axis
system nd is parallel with kd. Therefore as there is no distortion in the kd direction, the vector sd is
given by the dot product as follows:
sd = kd × nd (2.40)
The vector sd is then rotated using the rotation matrix Γ to calculate the shear direction relative
to the parent phase axis system s. The angle of shear is the angle between the vector normal to the
interface plane n before and after the transformation. In terms of the total distortion matrix, they can
be defined as n and En respectively. We have established that a vector formed by the cross product
of two vectors will be perpendicular to both those vectors. The cross product of for the vectors u and
v where, u = uxi+ uyj + uzk and v = vxi+ vyj + vzk can be expanded as follows:
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u× v = (uxi+ uyj + uzk)× (vxi+ vyj + vzk)
= uxvx(i× i) + uxvy(i× j) + uxvz(i× k)
+uyvx(j × i) + uyvy(j × j) + uyVz(j × k)
+uzvx(k × i) + uzvy(k × j) + uzvz(k × k)
(2.41)
As i× i = j × j = k × k = 0 and k × j = −i, i× k = −j and j × i = −k, u× v becomes,
u× v = (uyvz − uzvy)i+ uzvx − uxvz)j + (uxvy − uyvx)k (2.42)
The vector n has been calculated as shown in equation 2.39. Any vector’s cross product with n
will yield a vector that it perpendicular to n and as such lies in the invariant plane. Therefore, in the
parent axis system (ip, jp, kp)the cross product between the normal n and either ip or jp will lie in the
invariant plane. The vector ip=[100] and jp=[010].
u =
uxuy
uz
 i =
10
0

p
j =
01
0

p
n =
 0.6968−0.6810
0.2250

p
(2.43)
The vector product i× n is labelled q1 and j × n is labelled p1 where,
q1 = i× n =
 0−0.2250
−0.6810

p
and p1 = j × n =
 0.22500
−0.6968

p
(2.44)
Recall that r′ = Er and that E = Φ1F , where F = (1−x)T1 +xΦT2 where Φ is the rotation from
twin 1 to twin 2. The operation F on the two vectors produces the two transformed vectors called q2
and p2. These vector pairs are then used to calculate the direction cosines and the magnitude of the
rotation from the parent phase to twin one i.e. Φ1 using Euler’s theorem.
(q1 − q2)× (p1 − p2)
(q1 − q2) · (p1 + p2) = tan(
ϕ1
2
)u0 (2.45)
where ϕ1 is the magnitude of the rotation and u0 is a unit vector along the axis of rotation. In
this way the rotation matrix Φ1 is calculated and as F is know the total distortion matrix E can also
be calculated. The matrix is non symmetric and as such the operation E on a vector of direction n
will deform during transformation. Normalised the new vector is,
n′ =
En
|En| =
 0.7331−0.6379
0.2361

p
(2.46)
Therefore the angle of shear θ is,
θ = cos−1(n ·n′) = 3 ◦17′ (2.47)
2.10.3 Twin plane
The twin plane is found in a similar fashion to the invariant plane, in that two vectors are defined,
which lie in the twin plane and as such the cross product of those two vectors can be used to calculate
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the normal to the twin plane t. The plane in the cubic phase, which becomes the twin plane after
transformation, is (11¯1)p. Two directions that are known to be in this plane are v1 = (100) and
v2 = (0,
1√
2
, 1√
2
). Applying the distortion matrix E, creates the vector v′1 and v′2 for which the cross
product yields the normal to the twin plane t.
2.10.4 Conclusion
This phenomenological theory allows the calculation of some key microstructural properties in our
samples using just the lattice parameters which have been obtained using SXRD. The phenomenolog-
ical theory calculations have been scripted allowing the calculation of real time principal distortions,
invariant planes and shear angles with strain.
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2.11 Summary
This literature review has covered the fundamental characteristics of titanium and superelasticity. The
effect of both composition and thermomechanical treatment on the microstructure and deformation
mechanisms of mβTi has been discussed in detail. The orbital design method [29] has been explained
and the martensitic transformation mechanisms have been discussed using both metallurgical and
mathematical means.
Nickel free mβTi alloys have been developed for their low stiffness and high strength to stiffness
ratio. Titanium is of particular interest because it is light weight, corrosion resistant and allotropic.
SE behaviour is most pronounced in alloys with a highly symmetric unstable phase. In the case of
titanium this phase is the bcc β phase. The β phase can be fully retained at room temperature
using β stabilisers. In order to avoid intermetalllic precipitates, isomorphous stabilisers tend to be
used. The most commonly used β stabilisers are V, Nb, Mo, Ta and W. Out of these stabilisers,
mostly Nb has been used to produce a binary base alloy from which multiple ternary, quaternary and
quinary systems have been developed. Ti-Mo is prone to ω embrittlement [90], therefore, it is more
commonly used as a secondary β stabiliser in order to improve strength, but only in small quantities
[86]. Extensive work has been carried out on the effect of composition on SE behaviour of mβTi. The
effects of Ta, Zr, Sn, Al, B, N, O, Si, Cr and Hf as ternary additions or in combination have been
discussed.
The SE behaviour is observed for testing temperatures within 60 ◦C of the As temperature, with
improved SE behaviour observed for temperatures closer to the As temperature [88]. The addition of
solutes to mβTi will lower the Ms temperature [78]. The Ms temperature decreases linearly unless
suppressed by ω, at which point the relationship is asymptotic [54]. The addition of aluminium has
been shown to suppress the formation of ω and return the Ms temperature to its intrinsic value. The
addition of Al, O and Zr has shown that α and neutral stabilisers also decrease the Ms temperature
[74, 78]. SE behaviour is therefore highly sensitive to composition and temperature and will only occur
for a narrow temperature and compositional range [68]. The temperature range can be tailored to suit
applications by varying the stabiliser content. However, ω can impede the transformation through
twin boundary pinning and local segregation and has been shown to form in Ti-6.4 Mo at.% from
178 ◦C [4]. The addition of elements to suppress ω formation is therefore key to high temperature SE
behaviour. The suppression of ω is directly related to the solute content, irrespective of the element’s
ability to stabilise β. Therefore binaries with strong stabilisers are more prone to ω embrittlement.
Ta, Nb and Mo have βm concentrations of ∼35, ∼24 and ∼5 at.% respectively [46]. Ta is therefore a
highly appropriate β stabiliser for high temperature SE. The potency with which an element stabilises
β is related to the average valence electron number. Elements with an e/a value of 8 are the most
potent β stabilisers [46].
The addition of β stabilisers increases the average valence electron per atom value of the alloy.
The quenched phase structure of mβTi is dependent on the e/a value. The phase boundaries between
α′, α′′, α′′+β and β are 4.07, 4.15 and 4.20 respectively [5]. The elastic moduli of the β phase can
be seen to tend towards zero at an e/a of ∼4.1 and converge at 4.7 [101]. The instability of the β
phase, when the elastic moduli tend to zero, leads to the transformation from bcc β to hcp α′. The
e/a value of GUM and TNTZ is 4.24. At this point the < 001 > shear and < 011 > tension mduli
are the same and the < 111 > shear and < 001 > tension moduli are very low. The structure at this
point is also highly anisotropic. C′ and C44 correspond to the stiffness associated with shear along
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the < 110 > and < 001 > respectively [101]. In NiTi, the softening of C′ and C44 has been observed
near the Ms [104]. C
′ and in turn β stability are therefore important parameters for SE alloy design.
The deformation mechanisms in mβTi are dependent on β stability [49] and ω content [4]. bcc
titanium twins via {112}< 113 > twins, unless ω is present, at which point it twins via {332}< 113 >
twins which require half the energy. However, higher contents of ω have been shown to suppress
twinning entirely, causing slip instead [110]. Generally, the energy required for slip is lower than for
{112}< 113 > twinning but higher than for {332}< 113 >. The energy for the β to α′′ transformation
is higher than {332}< 113 > but, dependent on temperature, can be lower than slip. Therefore in
order for the alloy to deform via transformation the ω content needs to be low enough so as to
not encourage {332}< 113 > twinning. Also, the critical stress for plastic deformation needs to be
significantly higher than the critical stress for transformation. This is achieved by keeping the testing
temperature just above the As temperature.
With increasing β stability the initial slopes of the mechanical curve, conventionally associated
with purely elastic deformation, change. For low β stabilities the initial slope is linear yielding into
a stress plateau. The α′′ and β phases strain elastically until the apparent yield stress is reached at
which point the α′′ detwins. The detwinning occurs at a constant load causing a stress plateau region.
An increasing β stability causes a double yielding affect associated with the transformation from β
to α′′. The initial yield point is the critical stress for transformation, the secondary yield point is the
onset of plastic deformation of α′′ and remaining untransformed β. A further increase on β suppresses
the double yielding effect and either causes conventional linear elasticity or non-linear elasticity with
no apparent yield point. For the conventional linear elasticity the critical stress for transformation
has superseded the stress required for plastic deformation and so the β phase is strained elastically
and subsequently yields due to the onset of slip. The deformation mechanisms responsible for non
linear elasticity are more complex and unknown. However, it has been suggested that the suppression
of α′′ long range order could be the cause [81].
The addition of Zr, Ta and O have led to the biomedical SE alloys TNTZ (Ti-Nb-Ta-Zr) and GUM
(Ti-(Nb+Ta+V)-(Zr+Hf)-O). The effects of Zr and Hf are interesting because as binary additions they
are neutral elements. Like Ti they have e/a values of 4. Their addition to mβTi does, however, cause
a decrease in the Ms temperature. Therefore, by varying Zr and Hf content the Ms temperature can
be lowered without increasing β stability [93]. The addition of Ta can be used to suppress ω formation.
The recrystallisation and melting temperatures can also be increased using Ta [96]. Oxygen increases
the β transus but decreases the Ms temperature [74]. It is also a potent suppressor of ω whilst still
increasing the critical stress for slip by solution strengthening the matrix. The addition of oxygen has
been shown to restrict long range order of α′′ instead causing the formation of nano-domains less than
3nm in size. The preferential variant growth within the nano-domains is suggested to be responsible
for non-linear elasticity [81].
The SE behaviour is sensitive to microstructure and in turn to both composition and thermome-
chanical production methods. The effects of solution treatment and ageing temperatures and holding
times are discussed. As are the effects of cold, warm and hot rolling or forging. SE alloys tend to
be either severely cold rolled and solution treated followed by quenching or hot forged and solution
treated. The alloys in this study are cold rolled, solution treated and quenched. TNTZ and GUM
alloys tend to be hot forged, solution treated and air cooled. The severe deformation causes a strong
rolling texture [103, 19, 112]. Hot rolling or forging causes a recrystallisation texture which is highly
affected by the rolling texture. The potential for maximum SE recovery requires the tensile direction
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to be in line with the rolling direction. Grain refinement has been shown to reduce the Ms tempera-
ture [116]. Though the formation of α′′ has been shown to lead to β grain refinement [120, 121] it does
not appear to move grain boundaries. The long range order of α′′ is therefore limited by the size of
the β grains. However, the β to α′′ transformation and preferential growth has been seen to occur in
sub grains 3 nm in size [81]. Therefore, grain refinement does not appear to limit the transformation
and can be used to improve matrix strength.
The severe deformation can cause the formation of α′′, ω, dislocations and twins. Solution treat-
ment is used to annihilate dislocations and revert the structure to β. Quenching is likely to produce
ω unless the alloy composition has been tailored to suppress athermal ω formation. A limited vol-
ume fraction of ω has been shown to improve SE behaviour by increasing both the critical stress for
transformation and plastic deformation [109]. The increased stress allows for longer elastic strains.
The transformation from β to α′′ involves a dilation, a shear in the invariant plane and a rotation.
The lack of change in volume causes the α′′ to form as a ’self-assommodating’ twinned structure [130].
α′′ can form as 12 possible variant pairs. In a textured sample, the energy required for the formation of
each of these pairs varies with angle between the rolling direction and the tensile direction. For a highly
textured sample, strained in the rolling direction, a single variant in energetically favourable [19]. The
maximum possible recovery strain could theoretically be achieved through the transformation and
growth of a single variant. The phenomenological theory outline in section 2.10 allows the calculation
of the pure distortions, the shear angle and the invariant plane of the transformation. The twin plane
and twin volume fractions can also be calculated [130].
2.11.1 Work in this thesis
The aim of this study is to investigate the effect of β stability on the SE properties of Ti-Mo and the
effects of aluminium and oxygen as ternary additions using SXRD. The alloys will be homogenised,
cold rolled to a 95% reduction, solution treated and quenched. The alloys therefore consist of a
homogenous β+ω structure, where ω has not been suppressed by Al or O, and a strongly developed
recrystallised rolling texture. The texture is more apparent for higher β stabilities. The SE behaviour
was recreated in Ti-Mo at room temperature for a narrow compositional range.Though the Ms values
were not measured, it is assumed the best SE behaviour occurred where the As temperature was
just below room temprature. The apparent yield stress reached a minimum just before the optimal
composition for SE behaviour at room temperature. The martensitic and austenitic transformations
were observed using SXRD in Ti-Mo, Ti-Mo-Al and Ti-Mo-O throughout the strain cycle. The lattice
parameters obtained from the diffraction patterns were used to calculate the pure distortions, the
shear angle, the invariant plane, the twin plane and twin volume fractions of SE Ti-Mo-Al alloys.
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Chapter 3
X-ray diffraction
There are numerous optical characterisation techniques ranging in resolution from mm to A˚. In
this study SE alloys were analysed using optical microscopy, lab X-ray diffraction, high resolution
transmission electron microscopy and synchrotron X-ray diffraction. Optical microscopy was used to
determine the surface phase structure and morphologies. Lab X-ray allowed for phase identification
and texture analysis, in order to identify appropriate samples for SXRD experiments. High resolution
TEM, which requires destructive sample preparation, identified the interfaces between phases for a
limited amount of material, less than 100µm nanometers in depth. The SXRD work produced high
intensity, high resolution diffraction data of a polycrystalline interaction volume, over 1 mm3 in volume
or roughly 10,000 grains, at an exposure rate of 0.5 s. This allowed for time-of-flight in-situ strain
cycling necessary for analysing diffraction data on a strain induced reversible transformation. Due
to the novel nature of this work, the alloys were designed and produced at Imperial College London.
The alloys were designed according to the orbital design method and a popular thermomechanical
production method was chosen to allow for direct comparison of results with existing literature.
The following chapter outlines the characteristics of a synchrotron and the necessary processes to
analyse SXRD data. Firstly the fundamentals of X-ray diffraction and sample production methods
are discussed.
3.1 X-rays
The electromagnetic spectrum spans from long waves to gamma waves with wavelengths measured in
kilometres and picometres respectively. Where visible light has a wavelength in the order of 6000 A˚
and those of X-rays are measured in Angstroms, hard X-rays in fractions of an Angstrom. It is
this small wavelength that allows X-rays to transmit through solid objects, opaque to visible light
[131]. An X-ray is produced when an electrically charged particle is rapidly decelerated. Often X-ray
sources consist of high voltage electrodes which attract the electrons. The higher the voltage, the
higher the acceleration of the electron and in turn the higher the energy of the X-rays emitted upon
deceleration. The intensity of the rays is dependent on the number of electrons decelerated. The
particles are decelerated using a target, generally the anode of the high voltage accelerator. The
energy of the beams vary from the highest energy X-ray being emitted by electrons which come to
a sudden stop and lower energy X-rays emitted by electrons glancing through the target emitting a
fraction of it’s energy per encounter. The intensity of the beam can be increased by increasing the
current in the electron accelerator electrode, providing more electrons, and by using a target element
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with a higher atomic number.
The energy of a photon is inversely proportional to its wavelength.
E =
hc
λ
(3.1)
Where E is the energy of the photon in electronvolts, h is Planck’s constant 6.626× 10−34 Js, c is
the speed of light 2.998× 108 m/s and λ is the wavelength in meters. The energy of the beam used in
these experiments is ∼80 keV or ∼0.155 A˚. This sub-atomic wavelength allows for the measurement of
lattice strains. The intensity, however, is related to the number of electrons passing through a specific
area with time; measured in Watts per meter squared or Joules per second per meter squared.
3.2 Diffraction
”a Diffracted beam may be defined as a beam composed of a large number of scattered rays mutually
reinforcing one another” [131]
Diffraction occurs when a wave of a certain wavelength passes through a gap where the size of
the gap is within the same order of magnitude as the wavelength. The closer the wavelength is to
the size of the gap the more pronounced the diffraction. Laue first thought to use X-rays and crystal
structures to prove that both the atomic structures of the crystals and the wavelength of X-rays were
in the order of Angstroms. Bragg went on to show that the structure of an atomic array and it’s
lattice parameters could be measured by using an X-ray of constant wavelength. An isolated atom
scatters X-rays in all directions. Arranging the atoms in a periodic array causes the scattered X-
rays to interfere either constructively or destructively dependent on phase-interaction. Only a select
few constructively interfering X-rays will emit from the atomic array. These constructively interfering
scattered beams are referred to as diffracted beams. When waves interfere constructively they combine
to produce a single wave with an amplitude equal to the sum of the amplitudes of the combined waves.
Waves constructively interfere when they are in phase and destructively interfere when they our out of
phase. Bragg observed a relation between the wavelength of the incident beam, the lattice spacing of
the crystal structure and the angle of the diffracted beams. Phase differences are measured in angles
or wavelengths, two rays which differ in path length by one whole wavelength differ in phase by 360 ◦
or 2pi [131].
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Figure 3.1: Illustration redrawn from Elements of X-ray diffraction [131] showing the effect of con-
structive and destructive interference.
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Figure 3.2: Illustration redrawn form Elements of X-ray diffraction [131] showing X-ray path differ-
ences.
Figure 3.1 shows waves 1 and 2 in phase, out of phase with wave 3. Wave three is out of phase
by a path difference of λ/4. The path difference can be anything from 0 to λ and as such there are
different degrees of phase difference. Moreover, for a phase difference of any multiple of λ the waves
are in phase. Bragg noticed that for periodic structure with a set lattice parameter and a beam
with a set wavelength there are set angles for scattered beams which will constructively interfere.
All other scattered beams are annihilated by deconstructive interference. These angles are related
to the path differences of the scattered waves whereby if the angle is such that the resulting path
difference is a multiple of the wavelength the scattered beam will emit from the structure. Figure
3.2 in combination with the following equations shows how set angles lead to the necessary path
differences for constructive interference. Figure 3.2 shows a lattice of three planes labelled A, B and
C with a planar spacing d. Beam 1 and 1a scatter on two neighbouring atoms in the same plane,
atoms K and P. The path difference between 1′ and 1a′ is the difference between QK and PR. PK
is the hypotenuse of the PKQ triangle and as such QK is equal to PKcosθ similarly PR is equal to
PKcosθ and in turn the difference between the two is zero. The same concept is valid for all atoms
in that plane. Beams 1K1′ and 2L2′ can be used to calculate the phase difference between atoms on
different planes. In this case, the path difference is the sum of segments ML and LN, where both are
equal to dsinθ and in turn the sum of the path difference is 2dsinθ. The waves will be in phase for
any whole multiple of λ and as such the complete Bragg equation is:
nλ = 2dsinθ (3.2)
Where for a cubic structure the d-spacing can be calculated using the Miller indices as follows:
1
d2
=
h2 + k2 + l2
a2
(3.3)
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Whereas for an orthorhombic structure the equation used is:
1
d2
=
h2
a2
+
k2
b2
+
l2
c2
(3.4)
3.2.1 Determination of crystal structures
Combining the two previous equations allows the calculation of all possible Bragg angles for a set
wavelength and structure:
sin2θ =
λ2
4
(h2 + k2 + l2) (3.5)
Not all of the calculated angles in equation 3.5 will lead to diffraction beams due to deconstructive
interference. The plane in figure 3.2 could be the (100) plane of either a simple cubic or a base centred
cubic. If the lattice parameters of the two structures was the same then the base centred cubic plane
would have atoms added at regular intervals half way between the atoms and on the same planes,
as such the beams in phase would still constructively interfere and the out of phase beams would
destructively interfere. For a body centred cubic structure, however, the added atoms would half way
between the existing planes. This leads to the path difference of their interacting beams being half
that of the path difference between constructively interfering planes and as such they destructively
interfere. Therefore there is no 100 reflection from the body centre cubic structure. There are
numerous examples of this which are unique to structures leading to recognisable patterns and in
turn to using diffraction patterns for structure identification. This method of phase identification is
crucial to the experiments undertaken in this thesis. The planes which do diffract beams contribute to
the total intensity diffracted by a unit cell. The effectiveness with which a unit cell diffracts intensity
is referred to as a structure factor, F. The structure factor is a sum of waves, with varying phases and
intensities, from each atom in the unit cell, which are represented by the waves real and imaginary
components. The following equations allow us to identify whether a structure is simple, base, body or
face centred cubic solely by identifying the h, k, l factors, or the sum of the factors, as either even or
odd. The two relations which allow these assumptions to be made are that, firstly eix = cosx+ isinx
and as such the real and imaginary components of a wave can be defined by an exponential. Secondly
that enpii is either -1 or 1 if n equals an odd number or an even number respectively. Where the
structure factor of a given plane is as follows:
Fhkl =
N∑
1
fne
2pii(hun+kvn+lwn) (3.6)
Where, f, the scattering factor of the atom, is the fraction of the intensity of the incident beam
which diffracts at a given angle, associated with the h, k, l position. The structure factor therefore
takes into account the scatter factor of each atom in the unit cell and the magnitude of the scattered
wave in the form of a complex exponential. Neither of these factors take into account the lattice
parameters of the unit cell and as such the structure factor will remain the same for face centred
cubic, tetragonal or orthorhombic structures. Given these relations the planes which will be necessarily
absent and the planes which will possibly be present for each of the structures has been listed in table
3.2.
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Table 3.1: Expected reflections for specific Bravias lattices using Miller indices [131].
lattice refections possibly present reflections necessarily absent
simple all none
base centred h and k (both even or odd) h and k (one even, one odd)
body centred (h+k+l) even (h+k+l) odd
face centred h,k,l (all even or odd) h,k,l (not all even or odd)
Table 3.2: Expected reflections for specific Bravias lattices [131].
cubic lattice hkl
simple 100 110 111 200 210 211 220 221 300 310 311
face centred - - 111 200 - - 220 - - - 311
body centred - 110 - 200 - 211 220 - - 310 -
The Bragg angles are associated with the d-spacings between planes. These planar spacings are
defined by the lattice parameters of the unit cell. If the lattice parameters change the angle will
change accordingly. Heating a sample up will lead to an increase in lattice parameters. This in turn
will cause an increase in d-spacings and an associated decrease in θ angles. This same decrease in
θ angles is observed if the lattice parameters change due to strain. It is by tracking the change in
angle that the lattice strains will be calculated in our analysis. The structural properties of single
crystals are anisotropic. The differences in stiffnesses associated with orientations are related to the
packing density of the planes. This causes the change in angle for the different angles to be different.
Recording the change in these angles allows the calculation of plane stiffnesses otherwise referred to
as diffraction elastic constants (DECs).
The superelastic transformation under investigation is associated with a structural transition from
a body centred cubic structure to a C-centred orthorhombic system. The reflections possibly present
in table 3.2 assumes a cubic structure. This assumption means that the d-spacings of the (100), (010)
and (001) are the same. As such the 100 peak is an accumulation of all three parts. If one of the
lengths of the cube were extended so that the structure was now tetragonal one of the d-spacings
would be different from the other two and in turn so would the θ angle. This leads to a splitting of
the original 100 peak. In the orthorhombic case the initial peak would split into three parts. Figure
3.3 shows the transition from a body centred cubic to an body centred orthorhombic structure. The
stress induced phase α′′ is orthorhombic and as such the lines should be easily distinguishable from
the parent body centred cubic phase.
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Figure 3.3: Constructively interfering diffraction lines for the bcc, tetragonal and orthorhombic struc-
tures. Redrawn from reference [131] by Cullity et al..
3.2.2 Intensity
The intensity of a beam is defined as the number of electrons travelling through a specific area within
a specific time frame. We are not so much concerned with the absolute value of intensity as with the
relative intensities of peaks in the same pattern. The intensities referred to in this thesis will generally
refer to the relative intensities of peaks associated with satisfied Bragg angles and will be quantised
in arbitrary units. Up to now we’ve assumed perfect crystals and a perfectly monochromatic beam.
In reality, crystals contain imperfections including dislocations and vacancies and the monochromatic
beam will have a range. These factors lead to angles associated with planes having ranges rather than
being discrete values. There are six factors which define the shape of these intensity areas. Whereas
before the intensity could be defined by the height of the Bragg angle line it now refers to the area
under the Bragg angle peak. This near Bragg angle diffraction leads to the additional parameter of
peak width which is the defined as the width of the peak at half maximum intensity. The six factors
which can be used to calculate the relative intensities are the polarisation factor, the structure factor,
the multiplicity factor, the Lorentz factor, the absorption factor and the temperature factor. These
factors define both the height and the shape of the intensity peaks. Importantly most of these factors
are only valid for polycrystalline materials with crystals of random orientation. Therefore the factors
are ineffective at predicting or justifying the intensities observed in the heavily textured samples in
this study. However, the factors can be used to help explain the changes in peak shape. Also, the
structure factor will be used to identify the phases and the absorption factor will be used to ascertain
the necessary intensity for transmitting through our samples.
The Lorenzian factor defines the gradual decrease in intensity as you tend away form the ideal
theta angle. The peak has a width due to imperfections in the crystal. These imperfections lead to
diffraction slightly off angle which accumulate to form intensity tails either side of the ideal angle θB.
Another factor which affects the width of the peaks is the size of the crystals. The larger the crystals
of the sample the narrower the beam. The Scherrer formula calculates the size of the particle using
the minimum and maximum theta angle associated with a given plane:
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t =
0.9λ
BcosθB
(3.7)
Where, t is the thickness of the crystal, λ is the wavelength, B is θmax−θmin and θB is the satisfied
Bragg angle for a perfect lattice. Therefore, assuming the grain size stays the same, the change in
peak width can be used as a measure of the extent of plastic deformation within a crystal.
Attenuation is the loss of intensity of a beam transmitted through a medium. Every element has
a different attenuation coefficient which varies with the energy of the beam. The mass attenuation
coefficient for Ti in a 8 keV and 80 keV beam is 200 m2/g and 0.4 m2/g respectively. The fraction of
the intensity that transmits through the beam can be calculated using the following equation.
I
I0
= exp[−(µ
ρ
)x] (3.8)
Where I0 is the initial intensity, µ is the attenuation coefficient, ρ is the density and x is the
thickness. The attenuation length is the thickness of the sample beyond which 1/e or 36.78% of the
intensity is absorbed or scattered. As the natural log of inverse e is -1 the attenuation length is the
inverse of the attenuation coefficient.
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Figure 3.4: The attenuation length versus photon energy for titanium.
Figure 3.4 shows that an energy of ∼30 keV is necessary to transmit a third of the intensity through
2 mm sample of titanium. At roughly 5 keV there is a sharp drop in attenuation length or a sharp
increase in absorption. This drop is referred to as the K absorption edge which in this case is the
energy required to displace an electron in the titanium K orbital. The immediate filling of the vacant
orbital is associated with a photon emission referred to as fluorescence. The direction of fluorescent
emission is random and in turn only a fraction of the light travels in line with the incident beam and
into the detector. The absorption of the incident beam by convoluted redirection of light causes a
drop in detected intensity. The beam energy used in these experiments was ∼80 keV. At this beam
energy, in a titanium sample with a thickness of 1.5 mm, the percentage of the intensity which will
remain post transmission is 94%.
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3.2.3 Diffraction methods
If the lattice parameter of the structure is known, the wavelength of the beam can be calculated by
measuring the angle between the incident beam and the diffracted beams. In the case of a known
set wavelength the angles allow you to calculate the lattice parameters of the structure. The Laue
method involves using a set structure and varying the wavelength. The method used in this thesis
is referred to as the powder method in which the wavelength is kept constant and the structure is
varied, in this case by strain. Figure 3.5 shows the expected diffraction patterns for various mediums.
Transmission X-ray diffraction on a single plane would diffract a single diffraction beam which would
appear as a single dot on an intersecting detector. As the plane has to be at a certain angle with
the beam to diffract, rotating the plane around an axis normal to the beam direction would prevent
diffraction. Rotating the plane around the beam axis, however, would lead to the dot moving around
the detector with a constant radius from the incident beam. Therefore if the planes were duplicated
and positioned at various angles rotated around the beam axis the diffracted beams combined would
form a diffraction cone which on a flat detector would appear as a circle. The radius of the circle is
associated with a set angle which in turn is associated with a set d-spacing. Common structures in
solids have multiple planes which satisfy Bragg’s equation and as such a perfect crystal would diffract
several spots on said detector. Due to the planes having different d-spacings the dot can be associated
with a specific plane by measuring the angle between the dot and the incident beam. A polycrystalline
material with random orientation would diffract several cones and in turn several circles. In this case
the angle between the diffracted beam and the incident beam can be measured as the radius of the
circle.
polycrystalline powderplane
incident
beam
detector
Figure 3.5: Illustration showing the diffraction characteristics of a plane, a polycrystalline sample and
a powder.
3.2.4 Texture
In section 2.7.3 the preferred orientation developed by cold rolling and annealing has been discussed.
In this section we will discuss how to measure texture. The orientation of a grain is related by set angles
to the orientation of the planes within the grain. The orientation of a plane normal can be detected by
calculating the angle between the plane normal and the incident beam if the orientation relationship
between the sample and incident beam is known. So far we have analysed two of the three angles
associated with a plane normal by analysing the dots using a detector which intersects the beam. In
order to more easily define and depict the three angle associated with a three dimensional diffraction
angle a stereographic projection is used, as seen in figure 3.6. The two dimensional representation of
plane orientation is a 2 dimensional representation of half the stereographic sphere where each point
112
on the graph denotes an intersection between a plane normal and the sphere. These intersections
are referred to as poles. If, for example, there are 10 grains at C, all with very slightly different
orientations, there would be ten dots close to point P. The texture near point P could then be
referred to as 10X normal. The magnitude of texture is defined as the fraction, or multiple, of the
intensity of the same pole in a perfectly randomly oriented polycrystalline sample. The pole figures
are constructed using contour lines of relative intensity which depict pole densities in relation to the
samples orientation.
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Figure 3.6: Illustration showing the Laue sphere. Redrawn from reference [131] by Cullity et al..
The illustration redrawn from Cullity’s Elements of X-ray diffraction[131] explains the concept
very clearly using a drawn wire with perfect [100] fibre texture. The length of the fibre is oriented
parallel to the detector and perpendicular to the incident beam so that it lies on the SN line in the
sphere. A set of (111) planes are positioned at the centre of the sphere, C, so that their satisfied
diffraction angle θB intersects the sphere at the the reflection circle. The angle between the incident
beam or point I and the reflection circle is therefore 90-θ. If the sample was randomly textured
diffraction beams would intersect the sphere at all points of the reflection circle and an entire Debye
ring would be diffracted onto the detector. However, if the sample in this case had a perfect [100]
fibre texture the diffraction pattern would be identical to that produced by a single crystal rotated
around the (100) axis. This rotation would cause the diffracted beams to intersect the sphere at the
horizontal circle PQB. Confining the diffracted beams to both the PQB and the QUPV circles allows
diffraction at points P and Q on the reflection hemisphere. Lines extrapolated from the centre of the
sphere through the analogous points on transmission hemisphere lead to the diffraction spots T and
R. The angle which defines the location of the PQB circle for a fibre with a perfect [100] texture is
known to be χ = 54.7 ◦. The three angles are related and can be calculated by solving the spherical
triangle IPN as follows:
cosφ = cosθcosδ (3.9)
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For the given example the angles were δ111 = 69
◦, θ111 = 19.3 ◦, χ111 = 70 ◦, δ200 = 51 ◦, θ200 =
22.3 ◦ and χ200 = 55 ◦. Therefore the normals of the (110) and (200) planes make angles of 70 ◦ and
55 ◦ with the length of the fibre respectively. Note that this doesn’t tell us the orientation of the
crystal, solely the axis along which the selected plane normals are aligned. In the case of perfectly
textured samples, or single crystal samples, the angles between the plane normal are set and can be
calculated as follows:
cosφ =
h1h2 + k1k2 + l1l2√
(h21 + k
2
1 + l
2
1)(h
2
2 + k
2
2 + l
2
2)
(3.10)
In this case, for h2, k2, l2 = 111 and h1, k1, l1 = 111 and 100, the angles are 54.7
◦ and 70.5 ◦.
Therefore the normal to the (111) planes of the crystal is parallel to the fibre length.
3.3 Sample production
The alloys were triple arc melted, homogenised at 1000 ◦C for 2 hours encapsulated in an argon back-
filled quartz ampoule, quenched, cold rolled, solution treated at 900 ◦C for 30 mins, encapsulated, and
wire eroded into tensile samples.
The alloys were weighed out to +/- 1 mg. The alloys were then arc melted in an Ar atmosphere
using titanium getters to minimise oxidation of the samples.
The samples were arc melted in a back-filled Ar atmosphere using a tungsten electrode. The
alloys were melted and turned multiple times for compositional homogeneity surrounded by titanium
getters to reduce oxidisation. After melting, the samples were encapsulated in an Ar atmosphere
again minimising oxidation during heat treatments. The samples were homogenised at 1000 ◦C for 2
hours after which they were quenched. The quenching breaks the glass allowing cold water to enter the
ampoule and quench the sample. At this stage the sample have a blueish hue due to oxidation. Samples
heated and left to cool in the ampoules remained metallic in colour suggesting no oxidation was taking
place during the heat treatment and that in turn the oxidation time was limited to fractions of a
second. All samples mentioned in this thesis were analysed for composition including oxygen content.
Once homogenised and quenched the samples were cold rolled. The mill was set to 10 revolutions
per minute and passes were under 15% strain each. The passes were repeated until the samples were
reduced in height to 1.5 mm, >90% reduction. Once rolled the samples were re-encapsulated and
solution treated at 900 ◦C. The transus temperature of pure titanium is 882 ◦C. The beta stabiliser
content of the alloys will have lowered the transus significantly and in turn 900 ◦C is definitely above
the transus temperature. The samples were quenched after solution treatment. The samples were
sent off for compositional analysis at either LSM c© or IncoTest c©. Where the content of molybdenum
and aluminium were determined using inductively coupled plasma optical emission spectroscopy and
the oxygen content was analysed using inert gas fusion infrared and thermal conductivity detection.
The samples were cut into dog-bone shapes using electrical discharge machining. The final shape
of the samples can be seen in figure 3.7.
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Figure 3.7: Illustration showing the dimensions of the flat tensile specimens.
The grain size of of alloy is highly dependent on the thermomehanical processes undergone during
production. Using the conventional production method an equiaxed β grain structure can be seen
with grain sizes of 50-100µm. The micrographs can be seen in figure 4.2. This leads to a grain density
of minimum a 10,000 grains per mm3.
3.4 X-ray synchrotrons
X-ray diffraction methods are widely used for identifying microstructures and their orientation. How-
ever, the most commonly used lab X-ray techniques are limited to ∼10 keV or 1.5 A˚. In order to
analyse lattice strains we require a beam of adequately high energy to allow us to observe changes
of fractions of an angstrom in the atomic structure at a high enough energy to transmit through a
representative interaction volume of an alloy. A synchrotron is a particle accelerator in which mag-
netic fields are used to accelerate particles in a closed loop. The particles are usually accelerated into
a synchrotron using a linear accelerator. This synchrotron is used to accelerate the particles up to
a desired energy at which point they are fired into a larger storage synchrotron. The storage syn-
chrotron accelerates the particles around using magnetic fields to maintain the energy of the particles.
At each point where the particles are accelerated round a corner the emitted X-rays come off at a
tangent. The high energy X-rays are channelled through an optics hutch to emit a high energy beam
of desired properties into the experimental hutch. The optics chamber, experimental hutch and the
control room are referred to as a beamline.
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Figure 3.8: An illustration of the synchrotron light source where O.H. is the optical hutch, E.H
is the experimental hutch and C.H. is the control hutch. Illustration from Diamond website
(www.diamond.ac.uk).
Over saturation of the detector has been prevented by using copper filters to attenuate the beam.
An anti-scatter guard is used between the optics and the sample to ensure that any beam scattered
by the filters including the copper is attenuated and in turn that only the parallel beam reaches the
sample. A beam stop, positioned in line with the beam between the sample and the detector, ensures
that the incident beam, which transmits through the sample, does not oversaturate the detector. This
leads to only the X-rays diffracted from the sample reaching the detector. It is worth noting that
though the energy of the beam will stay constant the intensity can vary, therefore, intensities can not
be compared from one sample to another.
3.5 Data acquisition
Due to hazards associated with high levels of radiation the experiment required the development of
a bespoke remote control thermomechanical rig. Mark 1 of the thermomechanical rig was designed
and built by my supervisor Dr. David Dye, first year post doc Dr. Nicholas Jones and colleagues
Dr. Christabel Evans and Dr. Khandaker Rahman. Matthias Knop, Dr. Vassili Vorontsov and
the author developed the integration of the Eurotherm temperature controller and furnace. Current
developments include alignment fixtures, laser extensometers and a vacuum furnace.
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3.5.1 Thermomechanical rig
The rig allows for tensile and compressive load application and strain measurement at temperatures
from -196 ◦C to 1200 ◦C whilst allowing for transmission X-ray diffraction. The challenge in designing
and building the rig was keeping the weight below 50 kg. Keeping to the weight limit has allowed us to
use the tomography stage which enable us to rotate the rig during testing increasing the interaction
volume. Figure 3.9 shows the set up required to run the rig. From left to right the units include
the temperature controller and server PC, the rig, the Zwick actuator controller, extensometer and
extensometer controller PC.
Eurotherm temperature 
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Figure 3.9: Illustration showing the experimental equipment setup.
The temperature controller is a Eurotherm 3504 temperature controller with retrofitted module
for serial communication. The controller communicates with the Zwick actuator control PC through
the PC com port. Care should be taken when linking the controller to the PC ensuring that the baud
rate on the controller and the com port are the same, currently at 4800 bit per s. The Eurotherm
controls the power output to the infra red Omega c© bulbs by Hereus Noblelight. The bulbs were
tuned using the iTools software provided by Eurotherm at a temperature within the desired range. In
order to manually set automated temperature cycles the communication module was unlocked with
guidance from the Eurotherm engineers. K type thermocouples were attached either directly to the
sample or to the grip close to the sample dependent on the experiment. The thermocouples were spot
welded into position. The load was measured using the load cell provided with the Zwick actuator.
Room temperature and high temperature physical strain gauges were used for these experiments.
The signal box is used to send and receive analogue and digital signals between the diamond user
terminal and the Zwick PC. The Zwick PC is linked to the Zwick controller box which is linked to the
actuator, the load cell and the strain gauges. The strain cycles were programmed using TestXeprt2.
The programs were run in strain control with the load, nominal strain and gauge strain measured. The
load cell and strain gauge voltages were relayed to the diamond user terminal as two analogue signals
where the voltage was set to vary linearly with either load or strain. The diamond user terminal
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recorded the associated load and strain voltage together with each image the detector recorded so
that the data was synchronised and time stamped.
The results in this thesis are accumulated from four separate experiments. For the last two
experimental sessions the rig was rotated during testing in order to increase the interaction volume.
For these experiments the actuator would strain to a set point and stop. Whilst at a constant strain,
the rig was then rotated ten degrees around the tensile axis in half degree steps. Between each step
the rig was paused long enough to store an image. This resulted in twenty images associated with
each point of strain which were averaged for analysis.
3.5.2 I12 Diamond beamline
At Diamond we used the I12 Joint Engineering, Environmental and Processing (JEEP) beamline. The
beamline is set up for X-ray diffraction images using a monochromatic beam with energies between 50
and 150 keV. Due to the dangers associated with beams of this energy all experiments are conducted
remotely from the control hutch. The experimental hutch contains a moving stage and detector
allowing sample to detector distances between roughly 20 cm and 2 metres. The detector used in
I12 is a Thales Pixium RF4343 detector which consists of a CsI scintillator on an amorphous Si
substrate. The detector is 43×43 cm with 2880×2881 pixels which are 148×148 microns in size. We
used the detector in high resolution mode at an exposure rate of 0.5s. Figure 3.10 shows images of
the equipment setup in the experimental hutch.
Bragg’s law states that for a beam with a set energy there will be an associated diffraction angle
for each constructively interfering plane. This diffraction will emit from the sample in the form of
cones centred around the incident beam. An intersection of those cones will appear as a set of circles
on a flat detector positioned normal to the incident beam. The number of observed rings will depend
on both the size of the detector and the distance between it and the sample.
In order to maximise the resolution and the intensity of the images a compromise is reached
using the sample to detector distance. The closer the detector is brought to the sample the larger the
number of constructively interfering rings in the detector catchment area and with increased intensity.
The further away, the higher the number of pixels dedicated to each ring and in turn the higher the
accuracy with which we can detect movement of peak positions and peak widths. The sample to
detector distance was set to roughly 1.3 m in order to capture the first five constructively interfering
rings of the beta structure in high resolution. The monochromatic beam has an energy of roughly 80
keV for each experiment with the energy calculated using standards including lanthanum hexaboride
and ceria.
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c) d)
Figure 3.10: Diamond I12 beamline experimental hutch showing a: from left to right, the beam
entrance, anti-scatter guard, thermomechanical rig on the I12 motorised stage and detector, b: the
extensometer, c: the infra red bulbs and d: the cryogenic chamber.
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3.6 Data manipulation
The diffraction data appears as rings of light on a dark background. The rings are cross sections
of cones related to constructively interfering planes within the sample. A ’standard’ is a powder
of known structure and lattice parameter used to measure the wavelength. For the standard, the
intensity of the beam decreases as you tend away from the centre. The beam stop stops the incident
beam, causing a lack of intensity directly at the centre of the image. The intensity is recorded using a
Pixium detector which stores images of 2880×2881 pixels. Fit2D software created at the ESRF light
source in Grenoble, France, finds the beam centre and calculates the detector tilt and rotation using
diffraction images from a standard. An illustration of the setup can be seen in figure 3.11.
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Figure 3.11: Illustration of the experimental setup at the synchrotron facility showing the orientation
relationship between the beam, the tensile direction and the raw images recorded on the detector.
The standards are used to calibrate the energy of the beam, the sample to detector distance and
the tilt and rotation of the detector. The first two of these can be calculated using Bragg’s law for a
structure of known lattice parameters. In this case powdered samples of lanthinum hexaboride and
ceria. Powdered samples diffract perfect rings due to the large number of grains in the interaction
volume and the highly random orientation of those grains. Diffraction patterns are stored for the
samples at two set distances between the sample and the detector, SD1 and SD2. First the samples
are centred using Fit2D. The software straightens the images assuming the any deviation from a
circular diffraction ring is due to tilt and or rotation of the detector. Once this has been corrected
the radius of the inner ring can be calculated using the pixel to distance relationship. The difference
in radius between the ring at the first and second distance can then be used in conjunction with the
distance travelled, from position SD1 to position SD2, to find the 2θ angle associated with said ring.
As the lattice parameter, and in turn the d-spacing, is known the 2θ angle can be used to calculate the
beam energy using Bragg’s equation. Once the energy has been determined the sample to detector
distance can then be measured accurately.
Once Fit2D has been set up with the right parameters including beam centre, detector tilt and
rotation, size of detector array and pixels, beam wavelength and sample to detector distance the
sample data can be converted from images to numerical intensity versus radius data. Fit2D integrates
the intensities from the centre to the edge of the image for allocated slices of the circle. These slices
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are referred to as bins and the size and position of the bin is quantised in azimuthal degrees. The
radial angle is 2θ. Fit2D can be used to cake any size of bin into two dimensional intensity vs 2θ
data. This data is saved in the form of a chi file. Macros written by previous members of the group
automate the conversion process so that a thousand images, associated with a 500 second experiment,
can be converted in 5 minutes. A sample undergoing unidirectional loading will extend in the loading
direction and contract in the normal to the loading direction. The amount a sample contracts in
relation to the extension in the tensile direction is referred to as Poisson’s ratio. For most steels the
Poisson’s ratio ν∼0.3.
The polar co-ordinate system defines a point of x,y in Cartesian coordinates as a radius and angle
with both a set distance from a previously defined point of origin and a set angle from a previously
defined vector. The angle is defined as either the polar angle or the azimuth. In the case of the present
transformations the defined point is the beam centre and the azimuthal angle conventionally increases
counterclockwise from the x axis. The Cartesian and polar co-ordinates are related as follows:
x = rcosχ y = rsinχ (3.11)
For a circle of radius r,
r =
√
x2 + y2 (3.12)
For a conic section,
r =
l
1 + ecosχ
(3.13)
Where e is the eccentricity value and l is the semi-latus rectum. These parameters are related
to the deviation in shape from a perfect circle caused by tilt and rotation in the detector. Tilt and
rotation of the detector will cause the cross section of a cone to become elliptical in shape. The
eccentricity factor is then the root of one minus a2 over b2 and the semi-latus rectum is b2 over a,
where a and b are the radii in the horizontal and vertical directions. The tilt and rotation are therefore
calculated by the deviation of the rings from a perfectly circular shape. Moreover, once these angles
have been calculated and corrected for the cartesian coordinates are converted into polar co-ordinates
and plotted as shown in figure 4.5b.
The Poisson’s contraction causes an associated ovalisation of the diffraction rings wherein the
radius of the ring increases in line with the tensile direction and decreases normal to the tensile
direction. For this reason when analysing sample in a stress free state the entire ring can be integrated
but when analysing samples at load bins positioned around the tensile direction have to be used. The
size of the bin based around the tensile direction wants to be as small as possible to prevent an
apparent peak broadening by ovalisation but large enough in order to have a cumulative intensity
which is considerably larger than background. The results in this thesis show that occasionally
looking at azimuthal changes in intensity related to the sample texture and phase transformation can
also be very useful.
The stress strain data is transmitted to the diamond control system in order that the images and
stress strain data are recorded simultaneously. The signals are transmitted using 0-10 V analogue
signals for which 0 V = 0 load and strain and 10 V is equal to a set maximum load and strain.
General Structure Analysis System (GSAS) can be used to fit the θ vs intensity data using nu-
merous structural properties including the space group of the structures, lattice parameters, atomic
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composition and position within the structure. Powder Cell c© was used to simulate the diffraction pat-
terns expected using the educated guesses of lattice parameters combined with the known structures
and space groups.
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Chapter 4
Compositional effects on the
superelastic behaviour of Ti-Mo
The aim of this chapter is to discuss the analysis of continuous synchrotron X-ray diffraction data
obtained whilst strain cycling titanium molybdenum binary alloys. The five compositions were de-
signed using the orbital design method [30] described in chapter 2.2.1. The alloys were designed to
investigate the martensitic transformation associated with superelastic behaviour at room tempera-
ture. The alloys were designed and produced at Imperial College London and tested at the Diamond
light source facility in Oxfordshire. The sample production methods are discussed in section 3.3. The
stress induced martensite α′′ has been identified and time-of-flight-analysis shows the appearing and
disappearing of the phase with loading and unloading respectively. It is shown that where α′′ does not
appear to be present it can be distinguished from the β peaks by scrutinising the data azimuthally.
This is important because it appears that the alloys in which the most significant SE behaviour occurs
are also the alloys in which the α′′ is radially indistinguishable from β. The phenomenological theory
by Wechsler et al. [130] was used to identify the relationship between the transformation mechanisms
and the superelastic behaviour of Ti-Mo.
4.1 Experimental Description
4.1.1 Alloy preparation and optical characterisation
The alloys Ti-7.2, 7.6, 8.2, 8.7 & 9.2 Mo at.% were designed using the orbital design method in order
to observe SE behaviour at room temperature. The alloys will be referred to as 72, 76, 82, 87 and 91.
Figure 4.1 shows the Bo-Md values of the Ti-Nb alloys for which the mechanical curves are plotted in
figure 2.30. The samples which recovered the most strain superelastically are depicted by filled circles.
For binary alloys the SE behaviour appears to be most pronounced for compositions just beyond the
β/β+ω boundary. This region of the Bo-Md map is a region where slip is the favourable mechanism
of plastic deformation. At compositions beyond the superior SE properties the β phase will have been
sufficiently stabilised to favour slip over martensitic transformation.
The compositions of the alloys were measured using inductively coupled plasma atomic emission
spectroscopy for the metals and inert gas fusion for oxygen concentration. The results are listed in
table 4.1. The Bo, Md and e/a values are calculated for the alloys disregarding the oxygen content.
Figure 4.2 shows the optical micrographs of the Ti-Mo binary alloys. The structure for all the
samples is predominantly equiaxed β with grain sizes from ∼50µm to ∼100µm. All the samples
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Figure 4.1: Molecular orbital design method Bo-Md map showing a range of Ti-Nb alloys studied by
Miyazaki et al.[67] and the Ti-Mo alloys studied marked in circles. The filled circles represent the
alloys in which superelastic behaviour was observed.
Table 4.1: Ti-Mo sample compositions listed in both weight and atomic percent. The content of
molybdenum was determined using inductively coupled plasma optical emission spectroscopy and the
oxygen content was analysed using inert gas fusion infrared and thermal conductivity detection.
sample 72 76 82 87 91
wt.% Mo (Moeq) 13.5 14.6 15.2 16.0 16.8
O 0.27 0.15 0.10 0.11 0.13
at.% Mo 7.19 7.63 8.19 8.66 9.12
O 0.51 0.29 0.19 0.21 0.25
Bo 2.810 2.811 2.812 2.814 2.815
Md 2.412 2.410 2.407 2.405 2.403
e/a 4.144 4.152 4.164 4.174 4.182
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but 91 have artefacts that appear to be deformation twins or α′′. In SE metastable β Ti alloys,
artefacts similar to these are commonly held to be α′′. Figure 2.32 shows similar microstructures in
Ti-10V-2Fe-3Al where the artefacts can be seen to appear and disappear with loading and unloading
respectively [73]. The α′′ has distinct but different orientation for each grain. This is most likely
associated with the β grains being at different orientations and the orientation relationship between
α′′ and β. The α′′ appears to intersect with either β grain boundaries or other α′′ grains. The largest
α′′ grains span the entire parent grain and can therefore go up in length to ∼100µm. The morphology
is needle shaped with widths of less than a micron.
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Figure 4.2: Optical micrographs of the Ti-Mo alloys as-produced at 10 and 50 times magnification.
The samples were ground on SiC paper and polished in OPS.
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Figure 4.3: Mechanical curves for Ti-Mo binaries strained whilst in-situ synchrotron X-ray diffraction,
at ambient temperature and a strain rate of 10−4s−1.
Table 4.2: The stress and strain components of the strain cycle for the Ti-Mo alloys, as defined in
figure 4.4.
sample 72 76 82 87 91 uncertainty1
0.2% YS (MPa) 482 472 386 408 448 ± ∼6% (≤ 29 MPa)
reverse trans. stress (MPa) 193 227 270 288 439 ± ∼6% (≤ 26 MPa)
total strain (%) 2.0 2.3 2.0 2.3 2.0 ± ∼0.1% strain
residual strain (%) 1.1 1 0.8 0.7 0.8 ± ∼0.1% strain
total recovery (%) 0.9 1.4 1.2 1.6 1.3 ± ∼0.1% strain
% of total strain recovered 45 61 60 70 65 ± ≤ 7%
estimated elastic recovery (%) 0.7 0.9 0.7 0.9 0.8 ± ∼0.1% strain
estimated trans. recovery (%) 0.2 0.5 0.5 0.7 0.4 ± ∼0.1% strain
% elastic recovery (%) 78 64 58 56 67 ± ≤ 12%
% trans. recovery (%) 22 36 42 44 33 ± ≤ 12%
4.1.2 Mechanical behaviour
The stress–strain curves shown in figure 4.3 are results from in-situ stress–strain experiments con-
ducted at the Diamond light source synchrotron facility. The samples were strained at room temper-
ature at a strain rate of 10−4 s−1. The molybdenum content of the Ti-Mo alloys range from 7.2 at.%
to 9.2 at.%. Within that 2% range the SE behaviour varies significantly, improving up to a maximum
recovered strain at 8.7 Mo at.%. Beyond this ideal composition the additional molybdenum content
is deleterious to SE behaviour. However, production methods of the alloys have been shown to have
significant effects on SE behaviour, as discussed in section 2.7. Therefore, this ideal compositional
value only applies for the production methods used. As shown in section 2.5.1, an increase in β
stability, associated with an increase in stabiliser content, causes a drop in apparent yield stress up to
a set composition. This yield stress minima is suggested to be the point at which the composition has
caused the Ms temperature to be equal to room temperature. In this case the apparent yield stress
minima occurs at 8.2 at.% molybdenum.
Table 4.2 shows the SE strain components defined in figure 4.41. The strain components include
the total strain, the strain recovered and the unrecovered (or residual) strain. The samples were not
1The uncertainty of the stress is mainly due to the limitations of measuring the area of the sample. The samples
were 1.5 mm × 1.5 mm. The lengths were measured to within 50µm. The load cell is accurate to within one part in a
thousand and as such its inaccuracy is insignificant. The strain gauge had a 10 mm gauge length with an accuracy of
∼ 1µm or 0.1% strain. In turn the percentages calculated using the strains are increasingly accurate for increasingly
large strains. For each uncertainty the largest uncertainty has been calculated and listed.
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Figure 4.4: Mechanical curve of sample 87 in which the strain component terms used to evaluate SE
behaviour have been defined.
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Table 4.3: The loading and unloading elastic modulus of the Ti-Mo alloys derived from the mechanical
curves.
sample 72 76 82 87 91 uncertainty
E load (GPa) 72 55 66 54 66 ±10%(≤ 7.2 GPa)
E unload (GPa) 68 53 62 50 52 ±10%(≤ 6.8 GPa)
all strained to the same total strain. The percentage of the total strain recovered was calculated
and is listed. SE recovered strain consists of both strain recovered by the reverse transformation
and elastic recovery. The SE behaviour of an alloy can therefore be improved by increasing the yield
strain and the extent of reversible transformation strain. The extent of the elastic recovery has been
estimated by extrapolating a linear recovery from the maximum strain using the loading stiffness.
The unloading stiffness has been shown to decrease relative to the loading stiffness due to a change in
phase structure, as shown in table 4.3, but for the purposes of this estimation the loading stiffness was
deemed close enough. The transformation strain was then assumed to be responsible for any further
recovery in strain. The elastic and transformation recovery strains were listed as estimated elastic
recovery and estimated transformation recovery. The proportion of the recovery strain associated to
elasticity or the reversible transformation was then calculated and listed as % elastic recovery and %
transformation recovery.
The recovery due to transformation increases to a maximum of 0.7% strain at 8.7 at.% Mo.
Combined with the lowest residual strain, the alloy recovers 69% of it’s total strain and is therefore
considered to show the best SE behaviour. Sample 87, strained to 2.32%, recovers 1.60% strain leaving
a residual strain of 0.72%. The sample has an apparent yield stress of 408 MPa. The yield stress can
be seen to decrease with increasing molybdenum content to a minima of 386 MPa at a molybdenum
content of 8.2% atomic percent. The yield stress increases with molybdenum contents higher than
8.2%.
Table 4.3 shows the stiffnesses of the samples. The stiffnesses have been measured as the gradient
of the purely elastic region with the straight line fit starting at 100 MPa up to just before the first
apparent yield point. The unloading stiffness was measured from maximum stress to the reverse
transformation stress. The samples have an average loading stiffness of 63 GPa with a range of 17 GPa.
The small range in combination with the large uncertainty leads to these results being inconclusive,
however, they are indicative of a strain induced increase in compliance. The change in stiffness appears
not to be directly proportional to stabiliser content. The effect of oxygen as an interstitial strengthener
on the stiffness has been analysed and could be a factor in the seemingly random variation of stiffness
of these alloys, but due to the compositional change in both molybdenum and oxygen for each sample
we can not quantify the effect of solely oxygen. The loading stiffness of the alloys is higher than
the unloading stiffness. The change in stiffness could be caused by a combination of conventional
plastic deformation defects or strain induced phase transformation. Where the stiffness of a β+α′′
alloy decreases with increasing α′′ volume fraction.
4.1.3 Synchrotron X-ray diffraction method
The analysis of SXRD area detector data involving phases with closely matching lattice parameters,
and in the presence of texture and a loading orientation, can be quite involved. Therefore the analysis
presented here will be largely qualitative in nature. The following section has been divided into three
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parts. Firstly the conversion from 2D diffraction images to 3D plots of intensity versus radial and
azimuthal angle, will be explained using sample 72 as an example. The second and third sections
are a comparison between the five binary alloys. In the second section the identification of α′′ by
scrutinising the data azimuthally will be discussed. The third section includes the observation of the
changes in diffraction patterns in-situ during loading and unloading using 3D plots of intensity versus
radial angle vs time.
The raw images resemble bright rings on a dark background, where the areas of brightness are areas
subjected to higher cumulative intensities of diffracted beams than the background. The images shown
in the following figures are inverted for clarity. Figure 4.5 is the inverted raw image of a lanthanum
hexaboride standard. The known lattice parameters of the standard allow us to calibrate the beam
wavelength and the sample to detector distance. An illustration of the setup is shown in figure 3.11.
For our experiments the energy of the beam was ∼ 80 keV. Fit2D is a software package developed
by the European Synchrotron Radiation Facility (ESRF) to analyse SXRD data. The software has
been used to convert the images into intensity matrices for every sample. Fit2D calibration was used
by inputting the wavelength, the standard and a rough estimate of the sample to detector distance
of 1300 mm. By indicating three points on the inner most LaB6 ring Fit2D calculates the sample to
detector distance, the beam centre and the detector tilt and rotation angles. The Ti-Mo samples were
split over three separate experimental sessions and as such these parameters vary for the samples. For
72, 82 and 91 the standard used was ceria, for 76 and 87 the standard was lanthanum hexaboride.
The parameters are listed in table 4.4. The wavelength differed by 0.4 mA˚ and the sample to detector
distance by ∼ 30 mm between experiments.
Figure 4.5a shows the inverted raw diffraction image of lanthanum hexaboride stored by the
detector. The detector area is 2880 by 2881 pixels with a pixel size of 148µm. The detector area was
roughly 40 by 40 cm. The length from the centre of the image to the farthest corner is ∼2037 pixels.
For an off-centre image the longest diagonal for a complete square will be shorter than the largest
diagonal limit of the detector. Figure 4.5b shows the polar transformation of the image in which the
x-axis is the radius from the centre and azimuthal angle increases counterclockwise from the x-axis.
After tilt and rotation corrections, the x-axis is parallel to the base of the image. The straightness
of the lines suggests the calibration parameters are accurate. The radius is related to the angle of
diffraction 2θ by the relation:
tan(2θ) =
radius
SD
(4.1)
So that in the case of LaB6, with a sample to detector distance (SD) of 1323.209 mm and a radius
limit of ∼2015 pixels or ∼298.22 mm the radius spans from 0 to 12.70 ◦ 2θ.
The beam area was set to 500µm× 500µm and the depth of the interaction volume was 1.5 mm.
With a grain size of 100µm the interaction volume therefore contained over a thousand grains.
Figure 4.6 shows the effects of tensile strain and the Poisson contraction effect on the conic
cross-section recorded by the detector. The circles become elliptical in shape due to dilations and
contractions in the planes perpendicular and parallel to the tensile direction. Bragg’s law states
that the d-spacing and the 2θ angle are inversely proportional. As such, with a beam of constant
wavelength, an increase in d-spacing will cause a decrease in 2θ angle. In turn, when the uniaxial
tensile load, parallel to the 90 ◦ and 270 ◦ azimuthal angles is applied, the 2θ angle decreases in line
with the tensile load and increases in line with the resulting Poisson contraction. Generally Poisson’s
contraction factor is roughly a third and as such the increase in 2θ will be roughly a third of the
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Table 4.4: Fit2D calibration parameters, detector size 2880 by 2881 pixels.
sample energy ( keV) λ ( A˚) standard SD ( mm) bcx(pixel) bcy(pixel) rotation tilt
72, 91 80.04 0.1549 CeO2 1299.590 1403.505 1446.284 165.972
◦ -0.267 ◦
82 80.04 0.1549 CeO2 1295.374 1406.276 1443.416 163.223
◦ -0.247 ◦
76, 87 79.82 0.1553 LaB6 1323.209 1439.189 1437.526 174.852
◦ -1.236 ◦
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Figure 4.5: a: A diffraction image of the lanthanum hexaboride standard. The diffraction rings can
be seen to spread from the centre of the detector outwards. The pixel area of the detector is 2880 by
2881 and the azimuthal angle is shown from 0 ◦ to 90 ◦ χ. b: the same diffraction image is shown in
polar form with a diagonal pixel length from the centre of 2015 pixels and an azimuthal angle from 0
to 360 ◦χ.
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Figure 4.6: Illustration showing the Poisson’s effect in the diffraction data in the cartesian and polar
forms.
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Ti-7.2Mo
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Figure 4.7: Inverted raw diffraction images of sample 72 in the as-produced, maximum strain and
post-unloaded states. The primary bcc rings can be observed along with additional rings due to the
α′′ phase. Casual observation of the images may not always identify changes in structure.
decrease in 2θ associated with the strain. Notice that in the polar form, figure 4.6b, the decrease in
radius in the tensile direction combined with the increase in 2θ in the compressive direction causes a
wavelike shape of the polar form diffraction lines. The distortion of the rings from circular requires
the use of bins or azimuthal segments to minimise the effects of contraction when analysing the lattice
strain associated purely with the tensile load. The size of the bin is a compromise between increasing
the cumulative intensity and minimising the contraction effect. The bins used on these results were
15 ◦ in size.
4.2 Results for Ti-7.2Mo
4.2.1 Synchrotron X-ray diffraction
Figure 4.7 shows the raw inverted diffraction images for sample 72 in the as-produced, maximum
strain and post-unloaded states. The non uniform intensity along the rings, or azimuthal intensity
variance, is a result of grain orientation (texture). This texture was caused by severe cold rolling and
recrystallisation.
Loading the sample caused segments of new rings of intensity to appear. The load induced
intensities appear as segments of new rings. The radial position of diffraction rings is determined by
the d-spacing of Bragg planes. The lattice structure of the phases can be determined by analysing
the relative space between a group of rings. Due to deconstructive interference in uniform structures
the lines can move relative to each other, but the same structure can not diffract light between rings.
The appearance of diffraction intensity between the preexisting rings therefore suggests the presence
of a new phase. The new diffraction spots appear as segments of rings, suggesting the new structure
forms in a textured fashion. The rings are referred to as peaks and the azimuthal sections which make
up the rings are referred to as maxima. If there is an orientation relationship between the parent
and daughter structure it is likely that a structure forming from a textured structure would also be
textured.
Figure 4.8 shows the inverted raw diffraction image of sample 72 in polar form. In the as-produced
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Figure 4.8: Inverted raw diffraction images for sample 76 in the as-produced, maximum strain and
post-unloaded states, in polar form. The first five β peaks have been labelled. The red square marks
an area of interest in the tensile axis for a region encompassing the 110β peak, in which the load
induced peaks appear.
Table 4.5: Bragg angles for bcc peaks. (λ=0.1549 A˚, abcc=3.26 A˚)
h,k,l 110 200 211 220 310
2θ 3.85 ◦ 5.44 ◦ 6.67 ◦ 7.70 ◦ 8.61 ◦
state the diffraction lines are straight. At maximum strain the lines bend as expected and new maxima
appear on new lines. An example has been highlighted in red. Once unloaded the lines return to
being straight but the strain induced intensities remain. The lines in the polar form are the rings in
the cartesian or raw form straightened out. As such new rings will appear as lines in new 2θ locations.
Azimuthal variation in intensity in the polar form is a variation in intensity from top to bottom of a
line set in 2θ. The β peaks have been identified and labelled. The peak positions are calculated by
substituting the h, k, l values of bcc planes which satisfy the Bragg equation and the lattice parameter
of β in pure Ti (3.26 A˚) into the structure equation 3.3. The values have been listed in table 4.5. The
red box is centred radially around the 110β peak or line and around the 270
◦ χ azimuthal tensile
angle.
The diffraction images can be integrated and plotted as intensity in arbitrary units versus the
radial angle 2θ in degrees. In the case of figure 4.9 the entire azimuthal range, 0 ◦ to 360 ◦ χ, has
been integrated. The intensities have been plotted for the as-produced, maximum strain and post-
unloaded states in black, red and blue respectively. Throughout the loading cycle the β peaks can be
seen to remain the dominant phase. The unidentified peaks in the as-produced plot appear to remain
unchanged by load. Most importantly, loading the sample causes peaks to appear in radial positions
which do not fit the β diffraction pattern. The peaks remain upon unloading.
Diffraction images were recorded every half a second. Figure 4.10 is a three dimensional plot in
which the associated intensity versus 2θ plot for each image is plotted, offset in a third axis of time
and angled at 45 ◦ for clarity. The plots associated with the diffraction images in the as-produced,
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Figure 4.9: Intensity (logarithmic scale) vs 2 theta plots for 360 ◦ χ integrations of sample 72 in the
as-produced (black), maximum strain (red) and post-unloaded (blue) states. The β peaks have been
labelled.
maximum strain and post-unloaded states have been labelled in black, red and blue respectively. The
point in load at which the 0.2% apparent yield stress is observed is coloured green and has been
labelled. Later the load induced peaks are identified as α′′, they have been labelled here for reference.
The two α′′ peaks can be seen to appear at a set load and to increase in intensity gradually from that
point to the maximum strain. On unloading the peak can be seen to increase in 2θ angle, as expected
due to a drop in load, but stays constant in intensity. This shows the α′′ is unloading elastically.
The 110β peak can be seen to broaden and thin with loading and unloading respectively. This is in
part caused by the Poisson’s contraction in combination with the integration having been performed
for the entire azimuthal range. The unidentified peak at ∼4.25 2θ appears to remain unchanged
by the strain cycle. It can be concluded from these plots that a strain induced phase change has
occurred on loading but not reversed on unloading. The plots suggest the sample transformed from
a predominantly β alloy to a β+α′′ alloy by having been strained to 2% strain at room temperature.
The transformation can be seen to occur when loading beyond the apparent yield stress and can be
seen to progress up to the point of maximum strain.
Figure 4.11 shows sample 72 in the as-produced (black line, grey fill) and post-unloaded (blue)
states compared to a sample of the same composition aged at 300◦C for 16 hours (purple). Ageing
titanium at this temperature is commonly referred to as ω ageing. The peaks superimposed are the
peaks generated using GSAS c©. The figure clearly shows an increase in different peaks for both ageing
and strain. The peaks which form upon ageing have been identified as ω peaks and those which form
with strain have been identified as α′′. As expected, there appear to be no α peaks. The alloy was
aged for 1, 2, 4 and 16 h. In all cases the ageing treatment lead to severe embrittlement due to
increased ω content.
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Figure 4.10: Intensity versus 2θ versus time plot of sample 72 showing the change in diffraction pattern
throughout the strain cycle. The sample was strained at room temperature to 2% strain at a strain
rate of 10−4s−1. The as-produced, apparent yield stress, maximum strain and post-unloaded states
have been highlighted in red, green, black and blue respectively. The plot has been centred around
the 110β peak for a radial range from 3.4
◦ to 4.4 ◦ 2θ. Each individual intensity versus 2θ plot is an
integration of the entire azimuthal range.
135
108642 3 5 7 9
Ti-7.2Mo as porduced and post load, and 16hr aged at 300ºC (unloaded)
2 theta (degrees)
ω
α"
α
Figure 4.11: Intensity versus 2θ plot for sample 72 in the as-produced state (grey solid fill) and post
unloaded state (blue). The integration of the as-produced sample aged for 16 hours at 300◦C is shown
in purple. The peak positions, for the set wavelength, for ω, α′′ and α phases are indicated using a
triangle, a diamond and an upside down triangle respectively. It shows that the ω and α′′ phases are
present whereas the α phase is not.
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Figure 4.12: Inverted raw diffraction image of sample 72 in polar form in the post-unloaded state for
an azimuthal range of 0 ◦ to 360 ◦ χ. Some of the load induced peaks have been marked in red circles.
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Figure 4.13: A three dimensional plot of intensity versus 2θ versus azimuthal angle for sample 72
in the as-produced and post-unloaded states for an azimuthal range of 0 ◦ to 180 ◦ χ. In the post-
unloaded state (bottom) the plots for several azimuthal angles have been highlighted in black. These
have been replotted in figure 4.14 for clarity.
It is apparent from the raw diffraction images that the α′′ peaks do not form uniformly across
the azimuthal range. Figure 4.12 shows the diffraction image of sample 72 post unloading. Some of
the strain induced diffraction spots have been marked with red circles. In order to see the azimuthal
variability in intensity more clearly figure 4.13 is a three dimensional representation of the same
diffraction image.
Figure 4.13 shows the intensity versus 2θ plots for 180 1 ◦ χ bins offset in the y-axis to produce
waterfall plots. The intensities have been clipped to an intensity chosen to emphasise select strain
induced peaks. The azimuthal range shown from 0 ◦ to 180 ◦ χ is representative of the entire range
and as such this range has been chosen for clarity. The waterfall plots have been produced for both
the as-produced and post-unloaded states. In the as-produced state β and ω are clearly visible. The
ω peaks closest to 3 ◦ and 6 ◦ 2θ show an increase in intensity at 128 ◦ χ. Similarly to the β some of
the ω peaks have six maxima across the entire azimuthal range.
Other ω peaks, most visibly the peak at ∼4.2 ◦ 2θ, appear to be entirely untextured spanning the
azimuthal range at a constant intensity. In the post unloaded state the texture of the strain induced
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Figure 4.14: Plots of intensity versus 2θ offset by azimuthal angle of sample 72 in the post-unloaded
state. Select peaks from select azimuthal angles can be combined to identify the α′′ diffraction pattern.
The α′′ peaks with lattice parameters α′′a : 3.10 A˚, α′′b : 4.88 A˚ and α
′′
c : 4.65 A˚ have been marked and
labelled.
phase is apparent. It is adequately textured so that a 15 ◦ χ bin around 86 ◦ χ shows very strong
peaks for the strain induced phase around the 110β at 4
◦ 2θ but none around 6 ◦ 2θ. It is therefore
important to include numerous bins at several intervals to identify the strain induced phase. In order
to maximise the intensity of all the induced peaks 1 ◦ χ bins from the azimuthal angles 2 ◦, 42 ◦,
62 ◦, 86 ◦, 128 ◦ and 152 ◦ were used. These intensity versus 2θ plots can be seen in figure 4.14. The
Poisson’s contraction does not need to be taken into consideration here because the sample is not at
load.
The strain induced phase in Ti-7.2Mo at.% has been identified as α′′. The labels in figure 4.14
are calculated using CrystalDiffract. The structure used was an orthorhombic structure with lattice
parameters α′′a : 3.10 A˚, α′′b : 4.88 A˚ and α
′′
c : 4.65 A˚.
4.3 The effect of molybdenum content on strain induced phase
transformation.
The remainder of the chapter focusses on the effect of molybdenum content on the strain induced
martensitic phase transformation using the methods outlined for sample 72 previously. The mechanical
curves and micrographs for the alloys can be seen in section 4.1. The five compositions are listed in
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table 4.1.
Ti-7.2Mo Ti-7.6Mo Ti-8.2Mo Ti-8.7Mo Ti-9.1Mo
raw (inverted)
averaged
Figure 4.15: Raw and averaged synchrotron diffraction images of the Ti-Mo samples in the as-produced
state. The images have been inverted for clarity.
The inverted raw diffraction images for the five compositions can be seen in figure 4.15a. For
samples 72, 82 and 91 the samples were rotated in order to increase the number of grains which
satisfied the Bragg angles of diffraction within the interaction volume. Every integration was therefore
performed on an averaged image of the 20 images taken during the rotation cycle. The averaged images
can be seen in figure 4.15b. The samples were rotated around the tensile axis during diffraction. Due
to the small angles associated with satisfying Bragg’s equation rotating the crystals allows for planes,
which were originally at too obtuse an angle for diffraction, to diffract. Therefore even though the
interaction volume remains similar in volume the number of orientations of crystals that diffract
increases significantly. Figures from hereon will be, or be derived from, the averaged images for
samples 72, 82 and 91. The images were averaged using the average function of ImageMagick. As the
images all have the same pixel density the intensity for each pixel is simply an average fraction of the
cumulative pixel intensities. The resulting images are a more representative diffractive pattern of the
interaction volume and in turn the sample.
Figure 4.16 shows the averaged inverted raw diffraction images for the as-produced, maximum
strain and post-unloaded states. Noticeably in all samples there is a definite uneven distribution of
intensity around the rings. This is associated with the cold rolling and recrystallisation texture of the
sample. The six maxima in the inner β ring are particularly apparent in sample 76. A new maxima
belonging to new rings appear in samples 72 and 76 with strain. The intensities appear most clearly
just inside and outside the inner β ring at the top and bottom of the rings. In samples 76, 82 and 87,
but most obviously in 87, there is a distinct increase in intensity either side of the top and bottom
maxima in the inner β ring with strain. Though hardly apparent from these images the intensities of
these spots are lower in the post-unloaded state.
The averaged cumulative intensity for a set azimuthal angle can be plotted versus 2θ. These
plots for the five alloys, in the as-produced state, can be seen in figure 4.17 with the intensity on a
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Ti-9.1Mo
as produced max strain post unload
Figure 4.16: Inverted diffraction images for the binary Ti-Mo samples for the as-produced, maximum
strain and post-unloaded states.
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Figure 4.17: Intensity versus 2θ plots for whole ring integrations of the samples in the as-produced
state with intensity on a logarithmic scale to accentuate smaller peaks. Results plotted in line with
predicted ω and α pattern created using CrystalDiffract c©. The as-produced structures are shown to
be β+ω. The β peaks have been labelled using circles.
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logarithmic scale to accentuate the smaller peaks. In these images the intensity has been integrated for
the entire azimuthal range. For all samples the microstructure is predominantly β. The logarithmic
plots show that the β phase has not been fully retained due to the presence of peaks which do not fit
the bcc structure. As-produced, at these compositions, the possible phases were either ω or α. The β
phase is too stable in these alloys for α′. Figure 4.17 shows that the fits modelled in CrystalDiffract
using the lattice parameters for pure titanium line up reasonably well for the ω but not for the α
phase. This observation coincides well with the expected phase structure. Both due to the β stability,
theoretically being high enough to avoid α nucleation during quenching, and due to there being no
observable α in the optical micrographs. Due to the small size and homogenous distribution of ω in
β, ω is undetectable using optical microscopy, transmission electron microscopy is required to observe
the phase. The initial phase structure of all the samples is therefore β + ω. The ω content decreases
with increasing beta stability as expected. This decrease in ω intensity is particularly noticeable in
the first, or lowest 2θ peak.
Figure 4.18 shows the logarithmic plots of intensity versus 2θ for the binary alloys. The plots
represent both the as-produced (black) and maximum strain (red) states, offset and clipped for clarity.
The phases have been labelled as β, α′′ and ω. All the samples appear to be predominantly β
structured in the as-produced state and when at maximum strain. In sample 72, as previously
detailed, the strain has caused the appearance of α′′ peaks. An α′′ peak can also be seen in sample 76
but not in samples 82, 87 or 91. The mechanical curves for each sample have been plotted to the right
of the intensity versus 2θ plots. Sample 72 shows the least SE recovery and the most discernible α′′
on loading. Whereas, sample 87 shows the most pronounced SE behaviour but shows no detectable
α′′ peaks at maximum load. It is later shown that the α′′ peaks can align radially with the β peaks
in 2θ, causing them to be indistinguishable in a two dimensional plot of intensity versus 2θ. In this
case it is necessary to scrutinise the data azimuthally in order to differentiate the α′′ peaks from the
β peaks.
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Figure 4.18: Left: intensity versus 2θ plots of the binary alloys in their as-produced (black) and
maximum strain (red) states. Right: The associated mechanical curves.
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Figure 4.19: Inverted raw diffraction images for samples 72, 76, 82, 87 and 91 in the as-produced,
maximum strain and post-unloaded states, in polar form.
The raw images for the three states of strain can be seen in their polar form in figure 4.19. The
images span from 0 ◦ to 9 ◦ 2θ and from 0 ◦ to 360 ◦ χ. Again, the appearance of strain induced
diffraction spots is clearly visible is samples 72 and 76. For samples 82, 87 and 91 there are no
apparent strain induced diffraction spots beside the pre-existing β rings, however, the beta lines
become less spotty or more uniform in intensity. The β maxima appear to broaden so as to fill in the
previously broken line. In all five cases the faint presence of the omega can be observed most clearly
as the first line along the plot, or the peak with the lowest 2θ value. The ω peaks have 6 maxima
across the lines, or azimuthal periodicity, similar to the β maxima but at different azimuthal angles
to the β.
Figure 4.20 shows a select region of the inverted polar diffraction images for the five samples. The
region is centred on the 110β peak and on the azimuthal range 0
◦ to 180 ◦ χ. As such only three of
the six 110β maxima are visible. The images are of the as-produced and post-unloaded states; the
strain induced intensities can be seen. β maxima are observed at 30 ◦, 90 ◦ and 150 ◦ χ. Some of the
strain induced phase diffraction maxima have been marked in red circles. For samples 76, 82 and
87 maxima appear either side of 90 ◦ χ and just above and below the maxima at 150 ◦ and 30 ◦ χ
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Figure 4.20: Integrations of inverted diffraction images of the Ti-Mo binaries, post unload, centred
around the β110 peak. With molybdenum concentration, and in turn β stability, increasing from left
to right. The radial and azimuthal angles range from 3◦ to 4.5◦ and 0◦ to 180◦ respectively.
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Figure 4.21: Integrations of the inverted raw images of Ti-8.7Mo associated with 5 states of strain
in the stress cycle for the radial and azimuthal ranges of 3◦ to 6◦ and 0◦ to 360◦ respectively. The
diffraction images are shown for five stages of the strain cycle, as-produced (1), yield stress (2), onset
of plateau region (3), maximum strain (4) and post unload (5).
respectively. The strain induced phase has been identified as the martensite α′′. It is later shown that
the α′′ lines up radially with the β peaks due to the lattice parameters of α′′ tending towards those
of the β structure with increasing molybdenum content. Figure 4.21 shows the appearance of the
strain induced diffraction spots in relation to the mechanical curve for sample 87. The dots do not
appear before the apparent yield point. Beyond the yield point they have appeared and at maximum
strain the dots are most pronounced. The strain induced spots have been marked using arrows. The
SIP maxima appear slightly smaller upon unloading but they do not disappear. 3D plots of intensity,
versus radial angle versus azimuthal angle of the same radial region can be seen in figure 4.22.
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The intensity in the plots has been clipped to accentuate the less intense peaks and centred around
the 110β peak for a 2θ range of 3
◦ to 4.5 ◦ and for the entire azimuthal range. The plots show both
the as-produced and post-unloaded states of the alloys. Sample 72 shows a significant change in
diffraction pattern before and after the strain cycle. The 110α′′ , 020α′′ and 021α′′ peaks appear beside
the 110β with the 002α′′ distinguishable between the 110β maxima and the 111α′′ as shoulder peaks
on the 110β maxima. As seen in figure 4.20 all the peaks show clear azimuthal periodicity with the
020α′′ and the 021α′′ maxima centred on the tensile direction azimuthal angles, 90
◦ and 270 ◦ χ. In
sample 76 the 020α′′ peak appears as two maxima, visible at the tensile direction azimuthal angles.
Highlighted in red are the phases which are indistinguishable due to proximity to one another. It is
worth noting that the α′′ could form at the same azimuthal and radial points as the β maxima, as
such the white maxima are not necessarily entirely β maxima. The α′′ peaks tend toward the β peaks
with increasing β stability. By samples 82, 87 and 91 the beta is stable enough for the α′′ peaks to
almost entirely overlap with the β peaks making them indistinguishable. For all the samples a strain
induced phase (SIP) has been induced and some, if not all, of the SIP has remained upon unloading.
This correlates well with all the samples having significant residual strains.
In order to analyse the change in diffraction intensity in line with the beta 110 peak, integrations
of the 110 beta area spanning the entire azimuthal range and the 110 beta peak width (∼ 0.5 ◦
2θ) were plotted, shown in figure 4.23. The as-produced, maximum strain and post-unloaded states
are depicted in grey fill, dotted line and solid line respectively. Samples 76, 82, 87 and 91 show six
dominant peaks in the as-produced state. Sample 72 appears more azimuthally uniform but an outline
of the six maxima is still visible. In all samples, but most clearly in sample 87, loading causes peaks
to appear either side of the tensile angles and at angles perpendicular to the tensile angles at roughly
20 ◦, 70 ◦, 110 ◦, 160 ◦, 200 ◦, 250 ◦, 290 ◦ and 340 ◦ χ. Or 20 ◦ either side of the compressive and tensile
azimuthal angles. As in figure 4.21 the intensity of the SIP maxima does not decrease significantly on
unloading. The drop in intensity with load is more apparent in the video at the link in figure 4.24.
Video linked in figure 4.24 shows the evolution of intensities with stress for a 2θ range which
includes the β110 peak. Prior to loading, the six azimuthal maxima of the β110 peak can be seen.
These peaks remain throughout the stress cycle. As the sample is loaded elastically the intensities
remain similar. At the point of apparent yield, maxima appear in between the six β110 maxima
and continue increasing in intensity until maximum strain of 2% has been reached. When the sample
unloads elastically, the intensities remain similar to the state at maximum load. When the mechanical
curve starts to bend back the new maxima start to decrease in intensity and continue to do so until
the sample is unloaded. Though the newly formed maxima remain, the drop in intensity during
the unloading is significant. A drop in intensity of strain induced maxima is indicative of a reverse
transformation taking place.
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Figure 4.23: Plot of intensity versus azimuthal angle from 0 ◦ to 360 ◦ χ for a 2θ bin width of 0.5 ◦.
The 2θ bin was centred around the β110 2θ angle. The six β110 maxima can be seen. The plots for
the as-produced (grey fill), at load (dotted line) and post-unload (solid line) can be seen for samples
72, 76, 82, 87 and 91. The induction of α′′ with load is particularly apparent in sample 87 in which
the α′′ maxima have been labelled with arrows. The α′′ peaks can be seen to appear at 20 ◦ χ either
side of the tensile and compressive azimuthal angles at 70 ◦, 110 ◦, 250 ◦, 290 ◦, 340 ◦, 20 ◦, 160 ◦ and
200 ◦ χ. Image J Gaussian Blur filter (radius 6 pixels).
http://youtu.be/NTblDY1M8RU
Figure 4.24: A video showing sequential plots of intensity versus radial angle 2θ versus azimuthal
angle χ for a strain cycle to 2% strain of sample 82. When viewing the video pay attention to the
change in intensity of peaks surrounding the β peaks beyond the yield stress. The peaks increase
in intensity throughout the plateau region up to maximum strain. During the elastic unload the
intensity of the newly induced peaks remains constant. Once the unload curve bends back beyond
the stress of austenitic transformation the intensity of the newly formed α′′ peaks decrease in in-
tensity. The video can be viewed by scanning the QR code with your phone or visiting the link
http://youtu.be/NTblDY1M8RU.
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Figure 4.25: Intensity versus 2θ versus time plots for the binary samples showing the loading and
unloading transitions for a 2θ range from 3 ◦ to 9 ◦ for samples 72 and 87. The intensities have been
integrated for a 15 ◦ χ bin centred around the tensile direction 90 ◦ χ. A space has been inserted
at the point of maximum load to more easily distinguish the loading and unloading sections of the
plots. For sample 87 the apparent yield point, maximum strain and reverse transformation strains
are marked in blue, green and red respectively.
Figure 4.25 shows a plot of intensity versus radial angle 2θ for every image taken throughout the
strain cycle offset by an arbitrary value of intensity and at a 45 ◦ angle for clarity. The figure is
intended to give the reader an overview of the radial range. The loading and unloading sections of the
cycle have been separated. Each individual intensity versus 2θ plot is an integration of a 15 degree
bin around the 90 ◦ χ angle (tensile direction). Conveniently the SIP does form around the tensile
azimuthal angles. By choosing to integrate a 15 ◦ bin around the tensile angle, changes in peak width
due to Poisson’s ratio should be minimised. The plots are therefore integrated between 82.5 ◦ and
97.5 ◦ χ. For all samples the intensity of the peaks at ∼ 3.8 2θ is significantly higher than peaks at
higher 2θ values. It can be seen in this figure that the intensity of the peaks changes significantly
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with increasing and decreasing load. In sample 72 new peaks appear upon loading and remain upon
unloading, this can be seen more clearly for a narrow range in 2θ in figure 4.10. The relative area of
diffraction peaks is relative to the volume fraction of the associated phases. The change in diffraction
pattern shows a significant increase of volume fraction of α′′ which remains on unloading. In sample
87 the point of transformation, maximum strain and reverse transformation have been highlighted
in red, green and blue respectively. These are the same points highlighted in figure 4.26. The areas
of significant change lie close to the β peaks. As such the following figures show segments of the
waterfall plots for the β peak 2θ regions 3.4 ◦ to 4.2 ◦, 5.2 ◦ to 5.6 ◦, 6.5 ◦ to 6.9 ◦ and 8.3 ◦ to 8.8 ◦ 2θ
with intensities kept constant between load and unload plots but altered between regions for clarity.
Figure 4.26 shows the segments of the waterfall plot in figure 4.25 for sample 87 alongside a
mechanical curve of sample 87. Figures 4.26b & e show a sudden increase in intensity when the
sample reaches 309 MPa and 0.5% strain highlighted in blue. The mechanical curve deviates from
linear elasticity at this point and the intensity of the α′′ peak suddenly increases. This point in
strain, therefore, marks the start of the martensitic transformation. For figures 4.26a, c & d the
transformation is less apparent due to pre-existing β peaks at very close 2θ positions.
For these figures the β peaks appear to drop in intensity with increasing strain followed by an
increase in intensity just before the previously mentioned transformation strain. Certain peaks there-
fore transform just before the apparent yield stress. As such the onset of transformation can not
necessarily be defined by the macroscopic mechanical behaviour. The maximum stress and strain are
484 MPa and 2.3% highlighted in green. The mechanical curve shows a 0.4% linear elastic recovery
followed by a bending point at 1.9% strain highlighted in red. All the 2θ sections show a constant
intensity for the elastic recovery suggesting no transformation is taking place. Beyond the linear
recovery figure 4.26 a shows a decrease in intensity to a minima followed by an increase in intensity
to the unloaded state. Similar behaviours are observed in figures 4.26c & d. In figures 4.26b & e the
reverse transformation can be identified by a sudden shift in 2θ. This behaviour shows the decrease
in α′′ volume fraction and increase in β volume fraction and a radial shift from the α′′ structure to
the β structure.
Where initially there were no β peaks in the 15 ◦χ bin around 90 ◦χ, for example at ∼5.4 and ∼8.6
2θ, the reverse transformation causes β peaks to appear. The appearance of β peaks post unloading
is indicative of the transformation causing a residual rotation of the β structure. It is shown by
Wechsler, Lieberman and Read that the cubic to orthorhombic transformation involves a dilatational,
shear and rotational component. It is likely that in this case the dilatational and shear components
of the strain reversed but the rotational component did not. SXRD could be used to further study
the three components of the transformation.
Figure 4.27 shows the 200β (5.2
◦ to 5.6 ◦) and 310β (8.3 ◦ to 8.8 ◦) peak regions throughout loading
and unloading for a 15 ◦ bin around the 90 ◦ azimuthal angle for samples 82, 87 and 91. The regions
for 87 have been included for direct comparison.
Sample 82 shows a fully transformed and nearly completely reversed diffraction pattern trans-
formation. In both 2θ regions the peak starts out as a doublet. The as-produced phase structure
therefore consists of both α′′ and β. In the 200β region the α′′ and β peaks can be identified by
their increase and decrease in intensity with load respectively. The β peak can be seen to decrease
in intensity until it disappears into the newly formed set of α′′ peaks. The α′′ peaks rapidly increase
in intensity from a set stress, up to a maximum, where the intensity stays constant for a significant
increase in strain. Upon unloading the behaviour is the opposite of the loading behaviour. However
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Figure 4.26: Intensity versus 2θ versus time plots for sample 87 for select ranges of radial angle 2θ for
15 ◦ integrations about 90 ◦ χ. In this figure the loading cycle is on the left and the unloading cycle
runs from top to bottom on the right of each pair as denoted by the arrows. The intensity axis has
been scaled differently for each 2θrange in order to more easily observe changes in peak shape. The
apparent yield, maximum strain and reverse transformation points are marked in blue, green and red
respectively. A mechanical curve has been added marking the associated points of interest on the
curve. The numbers mark the file number associated with each point. For the 3.6 ◦ to 4 ◦ 2θ the plots
associated with linear elastic recovery have been labelled.
153
Ti-8.7Mo
5.2 5.6 5.2 5.6
lo
ad
u
n
lo
ad
8.3 8.8 8.3 8.8
lo
ad
u
n
lo
ad
Ti-8.2Mo
5.2 5.6 5.2 5.6
lo
ad
u
n
lo
ad
8.3 8.8 8.3 8.8
lo
ad
u
n
lo
ad
2 theta (degrees)
5.2 5.6 5.2 5.6 8.3 8.8 8.3 8.8
lo
ad
u
n
lo
ad
lo
ad
u
n
lo
ad
Ti-9.1Mo
Figure 4.27: Intensity versus 2θ versus time plots for samples 82, 87 and 92 for 5.2 ◦ to 5.6 ◦ and 8.3 ◦
to 8.8 ◦ χ. The loading cycle runs from bottom to top on the left and the unloading cycle runs from
top to bottom on the right of each pair as denoted by the arrows.
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the load at which the α′′ disappears is lower than the point of significant intensity increase on loading,
and the remaining structure after unloading appears to be almost entirely β. In the 8.3 ◦ to 8.8 ◦ 2θ
region, the 310β peak can be seen to split into the 114α′′ , 310α′′ , 042α′′ and 133α′′ peaks. Upon loading
the initial doublet turns into a single peak. Increasing the load further the peak starts to split into
at least four adjoined peaks which appear to separate with increasing load up to the maximum load.
Upon unloading the peaks tend toward a central peak until, at a similar load to the onset of peak
splitting, a single peak remains with a constant intensity up to the unloaded state. The increase in
intensity of the α′′ peaks is indicative of the increase in α′′ volume fraction with strain. SE behaviour
is known to be hysteretic, therefore the difference in stresses for the transformation on loading and
unloading are expected.
The change in peak intensity in sample 87 has been described previously. As a brief summary,
there is a sudden increase in intensity which has been shown to coincide with the mechanical curve
deviating from linear elasticity upon loading. The reverse transformation causes β peaks to appear in
azimuthal angles where previous to the transformation no β peaks could be seen. This suggests the
β peaks have been reoriented by the transformation.
In sample 91 the peak undergoes severe peak broadening upon loading which reverses upon un-
loading. According to the observations made in the previous two samples it is highly likely that
this broadening is peak splitting due to the increase in intensity of strain induced peaks close to
the original peak. Also in the 200β (5.2
◦ to 5.6 ◦) region a second peak can be observed appearing
and disappearing with loading and unloading respectively. Peak splitting can be a sign of plastic
deformation, or grain refinement, but plastic deformation would not reverse upon unloading.
Figure 4.28 shows similar plots to the previous figure but of the 110β region for samples 72, 82
and 87. In sample 72 the initial peak intensity is very low compared to that of the peak at the
same 2θ position at max load and post unload. The sudden increase in intensity of the central peak
coincides with the appearance of two additional peaks and a shoulder peak. The intensity of these
peaks remains constant on unloading. This is indicative of a β to α′′ transformation on loading but
no austenitic transformation on unloading. It is likely from these results that the Ms temperature for
sample 72 is below room temperature but the As temperature is not.
In sample 82 the β and α′′ peaks are close enough in 2θ to be shoulders. During loading both
the peaks become more intense up to a point. Beyond this point the β peak can be seen to decrease
in intensity with increasing load and the α′′ increases in intensity. Upon unloading the α′′ intensity
decreases and the β peak intensity increases. In this case the changes in peak intensity show both the
martensitic transformation on loading and the austenitic transformation on unloading.
In sample 87 the peaks at no load and max load are at very similar 2θ positions. Upon loading the
intensity of the initial peak decreases. At a set load the peak suddenly moves in 2θ and increases in
intensity. Upon unloading this radial shift can be seen in reverse after a significant drop in intensity
followed by an increase in intensity to the unloaded state. The best SE behaviour was therefore
observed in the sample with the smallest radial shift for transformation.
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Figure 4.28: Intensity versus 2θ versus time plots for samples 72, 82 and 87 with the azimuthal angle
centred around the 110β peak. The β and α
′′ peaks have been labelled.
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4.4 Discussion
It appears from the Bo-Md diagram that superelastic behaviour is observed at a point beyond the
β/β + ω boundary, however, all of the samples produced in this experiment consisted of both β and
ω. The ω intensity did appear to decrease with increasing molybdenum content but there was still
a significant amount of ω beyond the composition of best superelastic behaviour, Ti-8.7 Mo at.%.
The β/β + ω boundary is therefore wrong and should increase in Bo and decrease in Md, or move
up and left on the Bo-Md map. This boundary is important, as superelastic behaviour appears to
occur for compositions just beyond the boundary. Due to small amounts of ω being undetectable
by optical, SEM or lab X-ray it is likely that the β/β + ω boundary was set at a point at which ω
was no longer detectable using lab X-ray or optical and or scanning electron microscopy but was still
present. As seen in figure 2.14, the boundary also indicates where the plastic deformation mechanism
changes from slip to twinning . This was discerned by examining the deformation region using optical
microscopy post hardness testing [49]. This correlates well with the notion that the ω phase does
not need to be entirely suppressed in order for the deformation mechanism to change from twinning
to slip, as discussed in section 2.4. Sun et al. showed that the ω precipitates had a critical size
beyond which slip was suppressed by the onset of {332}< 113 > twinning [4]. The energy required
for the onset of {332}< 113 > twinning is lower that that of slip which in turn is lower than that of
{112}< 111 > twinning. Alloys without ω will therefore slip preferentially to twinning unless they
transform martensitically. The energy required to martensitically transform is dependent on numerous
factors including temperature and composition. Laheurte et al. showed that sample would deform via
{332}< 113 > prior to deforming martensitically [60]. Therefore, in order to encourage superelasticity
{332}< 113 > twinning needs to be suppressed and the yield stress needs to be above the stress
required to induce martensite. Minimising ω precipitate size should suppress {332}< 113 > twinning
but the presence of ω has not been shown to impede SE behaviour. Moreover, SE behaviour in binaries
appears to only occur for compositions which contain ω. This is likely due to the strengthening of the
matrix and increase in yield stress caused by ω. The increasing of the yield stress and suppression
of {332}< 113 > twinning allows for the largest possible window of opportunity for strain induced
transformation and in turn superelasticity.
It is important to note that the oxygen content of the alloys significantly affects the Bo-Md
diagram, as shown in figure 2.15. The figure shows that the suppression of ω by oxygen causes the
β/β + ω boundary to decrease in Bo and increase in Md and as such the correction made for oxygen
requires the line to be moved diagonally up the Bo-Md map. Therefore, though the map is a good
guide for preliminary compositional design it should not be used to make conclusions regarding phase
structure or deformation mechanisms, especially in cases where alloys have undergone additional
thermomechanical treatments and have significant oxygen contents.
The Bo, Md and e/a values for sample 87 are 2.814, 2.405 and 4.174. The values are lower than
the ’magic’ numbers required for GUM metal to behave superelastically; Bo 2.87, Md 2.45 eV and e/a
4.24. Figure 4.1 shows the Bo and Md values for the Ti-Mo alloys in this study, Ti-Nb binary alloys
[67] and the values for GUM metal [28]. SE alloys which do not use Nb as the primary β stabiliser
will not have Bo or Md values close to this of GUM. The Bo and Md values of GUM should therefore
only be used as a rough guide, if the main β stabiliser used is niobium.
The mechanical curves correlate well with the SE behaviour observed in other SE binary alloys
including Ti-Nb, as shown in figure 2.30. The initial yield stress is referred to as the apparent yield
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stress due to the sample appearing to yield, however, the stress denotes the point at which the
sample starts to transform martensitically. Whether simultaneous plastic deformation occurs, either
associated with the transformation or simply plastic deformation of the matrix, can not be determined
from the stress–strain curve. The decrease in the apparent yield stress with increasing stabiliser
content is associated with the increasing stability of the martensitic phase and in turn suppression
of the Ms temperature (figure 2.21). The Clausius-Clapeyron relation states that the transformation
stress will increase linearly with temperature. This is because the energy required to martensitically
transform will increase with increasing parent phase stability, and the high temperature parent phase
increases in stability with increasing temperature. Below the Ms temperature the alloy will deform via
slip or twinning. For most alloys the yield stress decreases with increasing temperature. Therefore,
with increasing temperature the yield stress will decrease up to the Ms temperature beyond which
the apparent yield stress will increase. If the stability of the parent phase is increased using higher β
stabiliser content instead of temperature, then beyond the composition at which Ms is equal t room
temperature, the transformation stress increases with increasing stabiliser content. The minima is
said to occur at a composition where the Ms temperature is closest to the testing temperature[50, 74]
(figure 2.35); in this case ambient temperature. As the stabiliser content increases, so that the
As temperature is below the testing temperature, the parent phase will become favourable in the
unstrained state. At a point where the parent phase is adequately unstable to allow the strain-
induced transformation and yet stable enough to reverse the transformation upon unloading, the best
possible SE behaviour should be observed. In the case of this Ti-Mo set of alloys this composition
was 8.7 at.% Mo. With increasing molybdenum content, the percentage of the total strain recovered
increases from 46 to 59 to 61 and finally 69% for sample 87. For sample 91 the percentage of total
strain recovered decreases to 63%. The lowest yield stress is observed for sample 82 suggesting the
Ms temperature is closest to room temperature at 8.2 at.% molybdenum.
However, the stress minima occurred for a Mo content of 8.2 at.% and the Ms temperature for
TI-Mo is ∼5 at.% [6, 46, 51, 53]. Also, no α′′ was detected in as-produced Ti-7.2Mo at.%. The
Ms temperature of Ti-7.2Mo was therefore below room temperature and as the Ms temperature
decreases with increasing stabiliser content the Ms temperature of Ti-8.2Mo must be lower still. The
stress minima in binary Ti-Mo therefore does correlate with the composition at which the Ms is
closest to room temperature. It does however appear to be close to the temperature at which the As
temperature is close to room temperature; assuming SE behaviour is observed in Ti-8.7Mo because
its As temperature is lower than room temperature.
For all the samples the elastic recovery of the sample is responsible for most of the SE recovery.
The estimated proportion of the recovered strain associated with either elasticity or the austenitic
transformation was calculated. The proportion increases and decreases up to and beyond 8.7 at.% Mo
respectively. For sample 87 the proportion is estimated at 44% transformation, 56% elasticity. The
yield strain and modulus of the matrix is therefore very important for superelasticity. SE behaviour
has been shown to be very sensitive to thermomechanical treatments and as such it is worth noting
that this best composition for SE behaviour only applies to the production methods used for these
alloys and in turn their oxygen contents.
The inverted raw diffraction images of the five sample show patterns with significant azimuthal
segregation of intensity around the rings. Figure 3.6 shows the relation between the orientation of
the diffracted crystal and the azimuthal angle. The figure depicts the diffraction behaviour of a single
crystal. In our polycrystalline samples numerous orientations will lead to proportionally more spots
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on the detector. For a set wavelength the 2θ angle of the spots will still be defined by the interplanar
spacing which, in the unloaded state, will be constant for all the grains. The six fold symmetry of the
110β ring is associated with the rolling texture and the multiplicity of the (110) plane.
The Bragg angle is the angle between the plane and the incident beam. An identified diffraction
spot at a known Bragg angle proves the presence of planes which satisfy the angle, it does not disprove
the presence of planes which do not satisfy the angle. It can be said however that there are numerous
(110) planes which make an angle of 1.925 ◦ θ with the incident beam and in turn the normal to
the rolling direction. The rotation of these planes along the incident beam axis leads to azimuthal
segregation. If the orientation of the crystals was perfectly random the rings would be complete with
uniform azimuthal intensity and therefore it can be said that there is a preferred orientation of the β
planes along the normal of the rolling direction. This is expected for a heavily cold rolled bcc metal.
The integrated area plots of the 110β region shown in figure 4.23 show an increase in maxima in
line with the β peaks but at azimuthal angles ∼20 ◦ from the tensile and compressive angles. The
maxima appear with strain and decrease in intensity on unloading. The residual intensity of the
maxima suggest these maxima are not associated with a reversible transformation. If the two phases
were unloading purely elastically they would elastically unload at the same time, causing a linear
recovery where the slope of the line is associated with the stiffness of both phases, as is observed in
all multiphase alloys.
The recovery beyond the elastic unloading of the β is therefore a superelastic recovery. The
appearance of peaks in line with the β phase could represent reoriented β, or twins. However, the
decrease in intensity suggest the twins would have to transform back to either β or α′′ on unloading
and the diffraction pattern for the entire radial range at 70 ◦χ was fitted as an an orthorhombic
structure.
The stress induced phase in sample 72 was confirmed to be α′′. The α′′ peaks were radially
distinguishable from the β peaks and fit to give lattice parameters of α′′a : 3.10 A˚, α′′b : 4.88 A˚ and
α′′c : 4.65 A˚. The α′′ peaks appeared at distinct azimuthal angles. When analysing the diffraction data
for the entire Ti-Mo series it was shown that the strong texture of the β phase was present and the
as-produced structure was β+ω for all the alloys. The plots of intensity versus 2θ in figure4.18 show
no significant change except in sample 76 and more significantly in sample 72, where the appearance
of α′′ with strain is clear. The mechanical curves have been plotted to the right of the intensity plots
and show that for the samples which exhibit more pronounced SE behaviour the pattern appears to
remain unchanged. In figure 4.20 radial regions surrounding the 110β peak for half the azimuthal
range are shown. In these images maxima can be seen to appear, with strain, radially in line with the
β peak and at azimuthal angles either side of the β maxima. Figure 4.22 shows a three dimensional
representation of those images for samples 72, 76 and 87. For sample 72, stress induced α′′ peaks
appear both in line and to the side of the 110β peak. In sample 76 only one of the stress induced
peaks is not in line with the 110β peak, and by sample 87 all the stress induced maxima lie in
line with the 110β peak. The azimuthal non uniformity in intensity is attributed to preferential
orientation of the crystals. the appearance of maxima at different azimuthal angles therefore suggests
the crystals are rotating. The azimuthal angle of the stress induced maxima remains constant with
strain and as such the crystals are not gradually rotating to random orientations but quickly rotating
from one orientation to another set orientation. The phenomenological theory behind the cubic to
orthorhombic transformation tells us there is a dilatational, a shear and a rotational component to
the transformation. It appears that these results therefore show the rotational component of the β to
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α′′ transformation. Figure 4.23 shows the azimuthal angles at which α′′ forms to be offset 20 ◦ from
the tensile and compressive angles, 90 ◦, 270 ◦, 0 ◦ and 180 ◦.
The lattice parameters of α′′ tend toward the β parameters with increasing stabiliser content as
shown in figure 4.29. So that in a mβTi alloy the α′′ lattice parameters would be close to aβ=aα′′ ,
bα′′/
√
2 and cα′′/
√
2. The lattice parameters for sample 72 have been plotted on the figure in red,
rings for the α′′ parameters and a triangle for the β parameter. The lattice parameters for Ti-Mo
compositions with stabiliser contents higher than 7.2 at.% could not be calculated due to the peaks
overlapping.
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Figure 4.29: Lattice parameters versus molybdenum content in CP Ti for β[6] and α′′[23]. The lattice
parameters for Ti-7.2Mo has been plotted on the figure in red, rings for the α′′ parameters and a
triangle for the β parameter.
Figure 4.30 shows the change in 2θ position associated with the change in lattice parameter,
in turn associated with an increase in β stability. The d-spacings were calculated using the lattice
equation 3.4 as explained in section 3.1. The associated 2θ angle was calculated using the Bragg
equation for a wavelength of 0.155324 A˚. There are 32 α′′ peaks which remain within the 0 ◦ to 10 ◦
2θ range throughout the compositional range. The positions of the α′′ peaks have been plotted as
circles joined by lines. Due to the high number of α′′ peaks the peaks have been coloured in both red
or black where the alternating groups of red or black tend towards separate β peaks. The α′′ peak
labels are positioned roughly below the associated α′′ peak line in the same order as the lines. Due
to the radial order of the α′′ peaks being dependent on the composition the order for the labels has
been set according to the order of the α′′ peaks at 19 wt.% Mo, or the top point of each line on the
graph. The α′′ labels have been offset vertically so that each group is on a separate line, the first
group for example therefore includes the 110 and 021 peaks and the third group includes 130 and 221
peaks where the first group is centred around the 110β peak and the third around the 211β peak. The
β peaks have been labelled and are plotted as blue triangles joined by lines. Lattice parameters for
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Table 4.6: Lattice parameters of α′′ for varying molybdenum content in titanium according to Sasano
et al.[23].
Mo (wt.%) aα′′ bα′′ cα′′ ( A˚)
1 2.947 5.108 4.688
2 2.945 5.102 4.691
3 2.939 5.088 4.690
4 2.944 5.087 4.690
5 2.949 5.088 4.690
6 2.968 5.047 4.688
7 2.962 5.029 4.680
8 2.985 5.019 4.687
9 2.993 4.982 4.684
10 3.006 4.967 4.667
11 3.007 4.950 4.657
12 3.014 4.929 4.658
13 3.056 4.886 4.620
14 3.093 4.858 4.603
15 3.125 4.822 4.612
16 3.132 4.781 4.603
17 3.140 4.748 4.593
18 3.171 4.709 4.599
19 3.202 4.664 4.598
samples with less than 8 wt.% Mo cannot be attained as no β phase is retained below this composition
at room temperature. The radial angle of the β peaks increase with increasing stabiliser content due
to a decrease in lattice parameter and in turn a decrease in inter planner spacing. The α phase peak
positions for CP Ti, with lattice parameters αa,b=2.9 A˚ and αc=4.686 A˚, are shown in upside down
triangles. The figure shows how α′′ is a transition phase from α to β, with increasing β stability, in
which the associated change in lattice parameters causes most of the α′′ peaks to tend toward the
β peaks. As the symmetry of the phase increases some of the peaks start to interfere destructively
leading to peaks which tend away from the cubic peaks to fade away. Therefore for 7 at.% five peaks
would appear surrounding the 110β, but by 9 at.% the intensity of the 110 and 021 would be too low
for detection and the 020, 002 and 111 peaks would have merged into the 110β peak. This behaviour
is observed in the SXRD data as can be seen in figure 4.31. The 110α′′ peak is only distinguishable
in sample 72 at 3.4 ◦ 2θ. The 020α′′ peak can be seen to tend towards the 110β peak with increasing
stability. The 021α′′ peak, though not visible in sample 76 can be seen to tend away from the 110β
peak and decrease in intensity. This movement of α′′ peaks towards the β peak positions, combined
with the decrease in intensity of peaks which do not tend toward the β peak positions, makes the α′′
phase indistinguishable in 2θ from the β phase at compositions favourable for SE behaviour.
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Figure 4.30: Molybdenum content versus peak position in 2 theta, showing the β peak positions in
blue and the α′′ peak positions in black and red. The peaks have been labelled in clusters for clarity.
The α′′ labels are in ascending order as per Ti-19 wt.% Mo and are positioned roughly below the
lines. The labels are colour coded to match the cluster of lines labelled. The 7, 8 and 9 molybdenum
concentrations have been marked for reference by dotted lines.
Considering that peaks located at or very close to the β peak locations could be α′′ the entire
diffraction patterns were analysed through the strain cycle as shown in figure 4.25 and more clearly
for sample 87 in figure 4.26. The intensity of the β peaks can be seen to decrease with increasing
strain until the apparent yield strain is reached. At this point the peak intensity increases with load
up to the point of maximum strain. The point at which the peak starts to increase is the point at
which the peak is an α′′ peak. During the elastic unload the peak intensity stays constant because no
transformation occurs prior to the reverse transformation. At the point where the unloading curve
is no longer linear the peak intensity starts to decrease until the peak shifts in 2θ. This shift marks
the transition from α′′ to β. For the 200β, at ∼5.45 ◦2θ, the peak can not be detected as-produced
but is present post unloading. This shows that the martensitic transformation on loading followed
by the austenitic transformation on unloading has caused a rotation of the β grains. In figure 4.27
sample 82 shows the same change in pattern is for sample 87 but with a more pronounced shift in
2θ. For sample 91 the transformation causes significant peak broadening but no significant change
in intensity with strain is observed. Therefore the best SE behaviour appears to occur for alloys in
which the peaks of the α′′ and the β phase are close together.
The eigenvalues in figure 4.32 tend toward unity with increasing stability. The eigenvalues are the
pure distortions which are the diagonal of the diagonalised distortion matrix Fd defined in section
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Figure 4.31: Intensity versus 2 theta plots offset by molybdenum content. The plots are 15 ◦ bin
integrations around 90 ◦ χ. The radial range has been centred around the 110β peak.
2.10. For the calculations the lattice parameters of α′′ and β with increasing Mo content by Sasano
et al. and Murray et al., shown on figure 4.29, were used. The pure distortions lie on the interface
plane between the parent phase β and the strain induced martensite α′′. The energy required for
transformation will decrease as the distortions tend to unity and in turn the principal strains in
the interface plane tend to zero. In a case of all principal distortions being unity the transformation
would comprise solely of a shear and a rotation component. This would be ideal in terms of minimising
the energy required for transformation. The pure distortions are directly proportional to the lattice
parameters, as such the change in eigenvalues associated with the change in composition is very similar
as can be seen by comparing figures 4.29 and 4.32. The ideal composition is one where the dilation
required for the transformation does not exceed the elastic limit of the matrix. If the distortion on
the interface plane is larger than the elastic limit of the matrix, the transformation will cause plastic
deformation and in turn a residual strain. The principal distortions, or eigenvalues, decrease with
increasing molybdenum content tending to unity at ∼11 at.% molybdenum. The stability of the β
phase for sample 91 was impeding the reverse transformation. The increase in stability causes the
stress for transformation to increase. In the case of sample 92 the stress for transformation is too
close to the yield stress so that the sample will yield as well as transform leading to a larger residual
strain. By 11 at.% molybdenum the β would be too stable for transformation causing the preferential
deformation mechanism to be slip, thereby impeding superelastic behaviour, at room temperature.
If, however, the testing temperature was reduced, the β could be adequately destabilised to allow for
SE behaviour.
Figure 4.32 also shows the Ms temperature for varying molybdenum concentration as suggested
by Dobromyslov (dotted blue line) and the estimated As temperature deduced by the SXRD results
in the as-produced state (solid black line). The Ms temperature is the temperature below which the
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martensitic phase starts to form on cooling. The microstructure of the alloys in the as-produced state
is β+ω. The asymptotic correlation has been chosen due to the assumed suppression of Ms caused by
the presence of ω. There were no α′′ peaks observed in the as-produced samples. Therefore, the Ms
temperature must be below room temperature for all of the samples. This correlates well with the
literature which suggests that the Ms temperature is equal to room temperature for a molybdenum
concentration of ∼5% [13]. According to the lowest apparent yield stress relation the Ms temperature
is closest to room temperature for sample 82. This suggests that the composition of lowest yield stress
is not always the composition at which Ms is closest to the testing temperature.
For SE behaviour at room temperature the As temperature has to be just below room temperature
so that the parent phase is stable enough in the unstressed state to revert back to the parent phase
upon unloading. In sample 72 the diffraction pattern showed an almost complete transformation from
the β phase to the α′′ phase with strain. On unloading the transformation did not appear to reverse.
In sample 76 the martensitic transformation was observed on loading and the austenitic transforma-
tion was observed on unloading. The As temperature therefore falls below room temperature at a
composition between 7.2 at.% and 7.6 at.% molybdenum.
If the Ms temperature is too low the austenitic phase will be too stable and will not transform
upon loading. Therefore there is both a narrow temperature and compositional window for optimal
SE behaviour and the SE temperature window can be altered to suit an application by altering the
composition. At room temperature the molybdenum content needs to be above 7.2 at.% in order for
the As temperature to be below room temperature and below 9.1 at% in order for the martensitic phase
to be stable enough to induce with strain. At a point between these two compositions SE behaviour
will be maximised. For the thermomechanical processes used in this study that composition was found
to be 8.7 at.% molybdenum.
The ideal composition in terms of eigenvalues is higher than the ideal composition for phase
stability at room temperature. At lower testing temperature however the eigenvalues can tend to
unity whilst the testing temperature is kept just above As so that the parent phase is unstable
enough to transform on strain, but stable enough to reverse the transformation on release.
Figure 4.33 shows the mechanical curve of a Ti-28Nb binary alloys produced by the same method
as the Ti-Mo binaries in this experiment by Kim et al.[68]. The sample has been strained to 2.5 %
strain at a temperature of -80 ◦C, 5 degrees above the Ms temperature. The complete SE recovery is
due to a combination of both the perfect composition and testing temperature. The composition is
high enough to minimise the dilation required within the parent lattice for transformation, thereby
making it more energetically favourable than plastic deformation, and the temperature is just high
enough so that the parent phase will both transform upon straining and revert to the parent phase
upon unloading. Therefore, in order to maximise SE behaviour either the temperature needs to be set
to accommodate the Ms temperature or an alloying addition needs to be made which changes either
the Ms temperature or the lattice parameters but not both. In order to not change the beta stability
whilst still changing the lattice parameters a combination of α and β stabilisers can be used in which
the concentration of the β stabiliser can be used to offset the effect of the α stabiliser. Interstitials can
be used to both strengthen the matrix, making plastic deformation less favourable, and stabilise the
beta phase, suppressing the Ms without changing the lattice parameters. Precipitates would have a
similar effect, especially ω which as a Ti rich precipitate both strengthens the matrix and stabilises the
β. As such the effects of ternary additions, oxygen content and ω content should be more extensively
explored.
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Figure 4.33: Stress–strain curve of Ti-28Nb (at.%) strained at ∼-85 ◦C by Kim et al. [68].
4.5 Conclusions
Superelastic behaviour was recreated in a Ti-Mo binary system and investigated using synchrotron X-
ray diffraction methods. The samples were triple arc melted, homogenised, cold rolled, solution treated
and quenched. SXRD diffraction images of the samples were recorded during strain cycling, to ∼2%
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strain at room temperature, in order to observe the martensitic strain induced phase transformation
which is responsible for SE behaviour. It was shown that the Bo and Md values for GUM only apply
to Ti-Nb based SE alloys. The Bo Md values should be tailored to suite the primary β stabiliser used.
For Ti-Mo Bo and Md values should be ∼2.81 and ∼2.41 respectively.
Upon loading, the microstructure is shown to transform from a β+ω to a β+ω+α′′ structure. The
volume fraction of ω stays constant throughout the strain cycle. Where the ω content was increased
by ageing the samples became brittle. The non-elastic recovery is observed to occur simultaneously
with the austenitic transformation and the only SIP in this case is α′′. On loading, the onset of
transformation was shown to occur just before the apparent yield stress in the macroscopic mechanical
curves.
The SE behaviour is shown to be highly sensitive to composition, observed between 7.2 and 9.1
at.% Mo at room temperature. The composition with the largest SE recovery was Ti-8.7%Mo which
underwent a 69% recovery of an applied 2.32% strain. The recovery was estimated to be 56% elastic
and 44% due to transformation. For all samples the elastic recovery contributed a larger proportion
of the recovery than the transformation. The best SE behaviour coincided with the most pronounced
transformation and smallest radial shift for transformation observed in SXRD. The smaller radial
shift is associated with a smaller lattice mismatch between β and α′′ and in turn a lower critical strain
for transformation.
An apparent yield stress minima was observed, however the minima appeared to correlate to the
sample with an As closest to room temperature, not the Ms temperature suggested in literature
(2.5.3). The Ms temperature has been shown to be a significant factor in optimising SE behaviour.
The Ms and As temperatures decrease with increasing stabiliser content. As discussed, in order to
encourage the β to α′′ transformation the testing temperature has to be above the Ms temperature.
However in order to encourage SE behaviour, the testing temperature needs to be just above the As
temperature. Therefore, the As temperature is assumed to be close to room temperature for a Mo
content of 8.2 at.% and below room temperature for a Mo content of 8.7 at.%.
The pure distortions in Ti-Mo were calculated using a phenomenological crystallographic theory
of martensite transformations. The distortions tended towards unity for a concentration of ∼ 11%Mo
(at.%). Theoretically, if the composition was set so that the eigenvalues tended to unity, the transfor-
mation would no longer involve a dilatational component but consist solely of a rotational and a shear
component. The energy for transformation would therefore be at a minimum. In order to prevent
plastic deformation associated with the transformation is important that the strains are below the
elastic strain limit of the matrix. The Ms temperature for this ideal composition, ∼ 11%, would be
significantly below room temperature. Kim et al. observed complete SE strain recovery for a 2.5%
applied strain at -80 ◦C in Ti-28Nb at.%. This confirms that if the lattice parameters are tailored to
minimise the dilatational distortions associated with the transformation, a temperature can be found
at which the alloy behaves superelastically and fully recovers the transformation strain.
It is concluded that the SE behaviour is highly sensitive to composition due to changes in lattice
parameter and β phase stability and Ms temperature. In turn, optimising the SE behaviour must
involve using substitutional and/or interstitial additions and/or precipitates in order to minimise the
energy for transformation by tailoring the β stability, the Ms temperature and lattice parameters
independently. This way the lattice parameter could be tuned to lower the transformation energy
whilst the As temperature could be altered to encourage SE behaviour at a more desirable testing
temperature.
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Chapter 5
The effect of aluminium and oxygen
additions to titanium molybdenum
It has been shown that SE behaviour can be observed in titanium alloyed with an isomorphous beta
stabiliser and that the behaviour is highly dependent on the composition and the temperature at
which the sample is strained. The SE behaviour can be improved by tailoring stabiliser concentration
so that the dilatational strains associated with the transformation are minimal. The increase in
stabiliser content has been shown to significantly suppress the Ms temperature. In turn, to observe
fully recovered superelastic strains in binary Ti-Mo the sample has to be strained at sub ambient
temperatures. It has also been shown that the addition of a ternary element can circumvent the
suppression [54] of the Ms temperature, significantly improving SE recovery at higher temperatures,
including room temperature. In general the addition of a ternary addition will increase the energy
required to transform from the β to the α′′. This in turn lowers the Ms temperature. GUM metal
has shown SE behaviour similar to that of NiTi, which has significantly superior cyclic recoverable
strains to SE titanium binary alloys. It has therefore been shown that the addition of ternary,
quaternary and even quinary alloying additions can significantly improve SE behaviour. The aim of
the following set of experiments was to investigate the effects of aluminium and oxygen additions to
the previously studied Ti-Mo system using SXRD. The aluminium and oxygen additions have been
used to compare the effects of substitutional and interstitial additions. Aluminium and oxygen are
both alpha stabilisers so that an addition of either element will increase the β transus temperature.
Both aluminium and oxygen have been shown to significantly improve SE behaviour of SE mβTi
alloys [50, 74].
5.1 Aluminium as a ternary addition
Sasano et al. [50] investigated the effect of aluminium on the transformation behaviour of Ti-Mo as a
ternary addition. They concluded that the transformation temperature was highly dependent on the
molybdenum content and that a pre-strain of 3% could be fully recovered in alloys with molybdenum
contents above 12%Mo (wt.%) and 3%Al (wt.%). However, in their experiments some of the strain
recovery was thermally induced and the samples were strained to 3% at 150 K. They concluded that
compositional variation could be used as a method of altering the shape memory effect temperatures
in order to suit different applications. The aim of the following experiments was to investigate SE
behaviour of Ti-Mo-Al using SXRD to determine both the effects of aluminium and it’s potential to
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create a room temperature nickel free superelastic alloy. Figure 5.1 shows the Bo-Md map with the
Ti-Mo-Al samples plotted in green. Following the Morinaga assumption [30] , Bo-Md coordinates
have been calculated by taking the linear sum of the positions of the constituent elements. As such
Ti-Mo-Al alloys with the same molybdenum content will lie in line with each other and with the
associated binary Bo-Md coordinate. If the aluminium content varies, the values will lie in line with
the binary and parallel to the Ti-Al line.
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Figure 5.1: Orbital design method Bo-Md map showing the Bo-Md values for select Ti-Nb (blue),
Ti-Mo (red) and Ti-Mo-Al (green) alloys. Showing the binary Bo-Md value lines of Ti-Nb, Ti-Mo
and Ti-Al as dotted blue lines.
The compositions for the six alloys are provided in table 5.1. Due to the uncertainty of aluminium
loss during combined high temperature melting of molybdenum and aluminium, the Bo-Md values
are not as linear as intended. However, the compositions are suitably close to make fair comparisons
between the binaries and the ternaries. The alloys will hereon be referred to by their molybdenum
and aluminium contents, for example Ti-6.9Mo-3.9Al at.% will be referred to as 69A39. The oxygen
contents for the alloys vary from 0.38 to 0.44 at.%. The Bo, Md and e/a values are calculated for
the alloys disregarding the oxygen content. None of the values match the ’magic’ numbers required
for GUM metal; Bo 2.87, Md 2.45 eV and e/a 4.24. The e/a values for the Ti-Mo-Al alloys with
significant SE recoveries were between 4.08 and 4.11.
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Table 5.1: Compositional analysis performed by IncoTest c©. The content of molybdenum and alu-
minium were determined using inductively coupled plasma optical emission spectroscopy and the
oxygen content was analysed using inert gas fusion infrared and thermal conductivity detection.
sample 65A52 69A39 76A49 76A73 81A50 71A98
wt.% Mo 12.6 13.2 14.5 14.7 15.3 13.9
Al 2.8 2.1 2.6 4 2.7 5.4
O 0.13 0.13 0.13 0.13 0.14 0.14
Moeq 9.8 11.1 11.9 10.7 12.6 8.7
at.% Mo 6.5 6.9 7.6 7.6 8.1 7.1
Al 5.2 3.9 4.9 7.3 5.0 9.8
O 0.40 0.40 0.38 0.41 0.44 0.43
Bo 2.789 2.795 2.793 2.784 2.794 2.774
Md 2.402 2.404 2.398 2.391 2.395 2.388
e/a 4.079 4.099 4.104 4.079 4.111 4.044
Figure 5.2 shows micrographs of sample 65A52. The samples have been strain cycled three times
to 2, 4 and 6% strain respectively. Figure 5.2a is an illustration showing the position on the sample of
figures 5.2b & c. Figure 5.2b shows the area of the sample containing both a section of the tab and a
section of the gauge length. The tab, and a short section of the gauge length, are held within the grip.
As the grips are pulled apart the reaction forces of the sample are exerted on the entire narrowing
section between the tab and the gauge length referred to as shoulders. The forces exerted on the ends
of the tabs will be minimal and increase with increasing proximity to the shoulders of the sample.
In figure 5.2b the exact point at which the strain is adequately large to allow for transformation is
marked with a white dotted line. To the left of the line the sample has a clean β structure. To the
right of the line the sample consists of almost solely α′′. This abrupt change in structure can be seen
more clearly in figure 5.2d. The rough location of figure 5.2d has been marked out on figure 5.2b
using a black dotted rectangle. Figure 5.2e shows β grains alongside grains filled with both light and
dark lenticular artefacts. The grain size is roughly 50-100µm and the artefacts lengths and widths
range from ∼1-100µm and ∼1-5µm respectively. Twins and α′′ both have lenticular morphologies
and therefore are difficult to distinguish optically. However, diffraction data tells us the structure
changes from β to almost entirely α′′. The artefacts are therefore believed to be α′′. The dark and
light artefacts have different orientations. The orientation of the darker artefacts are strictly defined
by each grain and appear in two orientations perpendicular to one another. The light artefacts are
larger both in length and in width and the orientation appears to be more random but not entirely
random; numerous lighter artefacts appear to be parallel to one another. The micrographs show
numerous clean β grains seemingly randomly dispersed within the areas of α′′. It is suggested that
the untransformed grains were oriented in such a way that impeded the transformation for the given
uniaxial load.
The samples were strained to 2, 4 and 6% strain. Figure 5.3 shows the mechanical curves of the
alloys with similar molybdenum contents to previously tested binaries (black) with varying additions
of aluminium (red). The samples did not all strain to the predefined strains. As such the recoveries
can not be fairly compared. The addition of aluminium can be seen to have had a significant effect
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Figure 5.2: Optical micrographs of Ti-6.5Mo-5.2Al (at.%) in the unloaded state after strain cycling
to 2%, 4% and 6% strain at a strain rate of 10−4s−1, at room temperature. a: Illustration showing
the position of micrograph b&c in relation to the sample. d: Micrograph showing the transition line
from tab to gauge length. e: Micrograph showing the α′′ morphology.
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Table 5.2: The stress and strain components of the strain cycle for the Ti-Mo-Al alloys as defined in
figure 4.4.
sample 65A52 72 69A39 71A98 76 76A49 76A73 82 81A50
0.2% YS (MPa) 329 482 318 617 472 550 650 386 528
reverse trans. stress (MPa) 87 193 101 838 227 335 663 270 637
total strain (%) 2.51 2.02 3.03 2.37 2.34 2.24 3.17 2.00 1.63
residual strain (%) 1.53 1.09 1.78 0.19 0.95 0.44 0.20 0.79 0.08
total recovery (%) 0.98 0.93 1.25 2.18 1.39 1.80 2.97 1.21 1.55
% of total strain recovered 39 46 41 92 59 80 94 61 95
estimated elastic recovery (%) 0.89 0.73 0.92 1.92 0.86 1.39 - 0.68 -
estimated trans. recovery (%) 0.09 0.20 0.33 0.26 0.53 0.41 - 0.53 -
% elastic recovery (%) 91 78 74 88 62 77 - 56 -
% trans. recovery (%) 9 22 26 12 38 23 - 44 -
on the mechanical behaviour of the alloys. The addition of 3.9 at.% Al in 69A39 has lowered the
apparent yield stress by ∼200 MPa. The addition of 9.8 Al, however, increases the apparent yield
stress by ∼300 MPa. In sample 69A39 the addition of Al has sufficiently suppressed the Ms to
decrease the critical stress for transformation. A further increase of aluminium suppresses the Ms
temperature enough to impede the martensitic transformation. Impeding the transformation leads to
a completely linear elastic recovery. The deviation from linear elasticity on loading therefore marks
the onset of plastic deformation rather than the transformation. The yield stress is ∼750 MPa. The
aluminium addition to samples 76 and 82 has led to a significant improvement in SE behaviour leading
to an almost complete recovery in both samples 76A73 and 81A50. At room temperature, samples
76A73 and 81A50 show superelastic recoveries of ∼95% for total applied strains of 3.17% and 1.63%
respectively.
Whole ring integrations of the diffraction images have been plotted in figure 5.4 in the as-produced,
maximum strain and post-unloaded states. The α′′, β and α or α′ peaks have been labelled using
diamonds, circles and triangles respectively. As with the binaries, the as-produced sample structures
are predominantly β. The addition of aluminium has suppressed the ω phase to the extent it is
no longer observed on any of the diffraction plots. ω was observed in TEM, the formation of ω
was therefore not entirely impeded. In sample 65A52 the structure is β+α′′ and therefore the Ms
temperature for this alloy is below room temperature. In samples 76A73 and 71A98 the structure is
β+α in the as-produced state. This is shown more clearly in figure 5.5.
All samples, but 81A50, show α′′ peaks appearing upon loading. In samples 76A73 and 71A98
the α′′ peaks disappear post unloading. In sample 76A49 the α′′ intensity decreases upon unloading
but in samples 65A52 and 69A39 the α′′ intensity appears to remain constant upon unloading.
For sample 81A50 the pattern, for an integration of the entire azimuthal range, does not appear
to change significantly with load.
The samples were strained, whilst SXRD images were recorded, in order to analyse the change in
diffraction pattern with strain. Figure 5.6 shows the raw diffraction images of the ternary samples
in the as-produced, maximum-strain and post-unloaded states, in polar form, for almost the entire
detector area, from 0 ◦ to 360 ◦ χ and 0 ◦ to 9 ◦ 2θ. The lines deviate from being straight in the
maximum strain state as expected. The samples have been ordered according to the proximity of the
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Figure 5.3: Stress–strain curves in-situ SXRD of Ti-Mo-Al ternary samples compared to associated
Ti-Mo binaries. Samples strained at room temperature at a strain rate of 10−4s−1. Samples 76A73
and 71A98 had been elastically strain cycled once previous to the stress strain curve shown in this
figure.
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Figure 5.4: SXRD plots of intensity versus 2θ for whole ring integrations for the as-produced, max-
strain and post-unloaded states. The phases α′′, β and α have been labelled in samples 65A52 and
71A98.
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Figure 5.5: SXRD plot for sample 71A98 as-produced with the alpha phase labelled using blue
triangles. Lattice parameters of alpha phase aα, bα = 2.9 A˚ and cα = 4.65 A˚. The intensity is
accumulated over a 10 ◦ azimuthal bin from 85 ◦ to 95 ◦χ.
α′′ peaks to the β peaks, with the largest difference in 2θ observed in the top sample, 65A52.
From these images the alloys can be split into three groups. Samples 65A52 and 69A39 show
both β and α′′ lines in the as-produced state, with the α′′ becoming more pronounced with load and
remaining almost constant during unloading. In samples 76A73, 74A49 and 81A50 the samples are
predominantly β, until loaded, when α′′ can be seen to appear at distinct azimuthal angles. In this
group the α′′ peaks become less intense upon unloading. In sample 71A98 the β peaks broaden with
load but no distinguishable α′′ peaks appear. The α phase can be seen in all three states of strain.
Though not as easily distinguishable, the same α pattern is also visible in sample 76A73. The distinct
azimuthal angles of the strain induced α′′ maxima can be seen more clearly in figure 5.8.
Figure 5.8 shows regions surrounding the 110β peak of the diffraction images for a 0
◦ to 180 ◦
azimuthal angle χ and a 3 ◦ to 4.5 ◦ radial angle 2θ, for six samples, in the post unloaded state. The
superimposed grid marks 10 ◦ azimuthal and 0.5 ◦ radial angles with the tensile azimuthal angle, 90 ◦χ,
and the 70 ◦χ angles highlighted in red. The α′′ peaks have been labelled.
Samples 65A52, 76A49 and 81A50 have an almost constant aluminium content of ∼5 at.%. For
a constant aluminium content the addition of 1.1 at.% molybdenum can be seen to locate the α′′
peaks closer to the β peak. An addition of 2.5% molybdenum to sample 65A52 causes the α′′ peaks
to radially aline with the β peaks.
In sample 76A49 three stress induced maxima can be seen to appear in the 020α′′ radial region,
six for the entire azimuthal range. The maxima appear at two distinctly different radial angles with
the maxima at 90 ◦ χ appearing closer in 2θ to the 110β than the maxima at 70 ◦ and 110 ◦ χ. A
similar variance in 2θ can be seen in the 021α′′ radial region.
Figure 5.9 shows the intensity versus 2θ versus χ plots for samples 65A52 and 76A49 in the as-
produced and post-unloaded states. Straining sample 65A52 has caused the 020α′′ and the 021α′′ to
concentrate around the tensile axes at 90 ◦ and 270 ◦ χ. The 110α′′ , 020α′′ , 002α′′ , 111α′′ and 021α′′
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Figure 5.6: Inverted diffraction images of the Ti-Mo-Al samples in the as-produced, max-strain and
post-unloaded states for 0 ◦ to 360 ◦χ and 0 ◦ to 9 ◦2θ.
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Figure 5.7: Inverted diffraction images of the Ti-Mo-Al samples in the as-produced, max-strain and
post-unloaded states for 0 ◦ to 360 ◦χ and 0 ◦ to 9 ◦2θ.
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Figure 5.8: Inverted diffraction images of the Ti-Mo-Al samples in the post-unloaded state for 0 ◦ to
180 ◦χ and 3 ◦ to 4.5 ◦2θ.
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Figure 5.9: Intensity versus 2θ versus χ of samples 65A52 and 76A49 in the as-produced and post-
unloaded states for a radial range of 3.2 ◦ to 4.4 ◦ 2θ and the entire azimuthal range. The α′′ peaks
have been labelled and colour coded. Areas of azimuthal intensity concentration have been labeled
using arrows.
peaks are coloured green, yellow, pink, orange and blue respectively. The uncoloured peaks in the
post-unloaded state are indistinguishable β and α′′ maxima. In the as-produced state, the uncoloured
maxima are presumed to be predominantly β. In the case of sample 65A52, α′′ can be seen in the
as-produced state. As per the raw diffraction images in polar form, in figure 5.6, the intensity of
the peaks appears relatively uniform across the azimuthal range with peaks and troughs in intensity
appearing at random azimuthal intervals. This suggests the sample is not heavily textured and in
turn has not reoriented during cold rolling to the same extent as the more stable alloys. In the
post-unloaded state the peaks have segregated into maxima at set azimuthal angles.
In sample 76A49 this azimuthal segregation is more apparent with the 020α′′ peak (yellow) and
the 021α′′ peak (blue) showing six and eight discrete maxima respectively. The distinct maxima of
the 110β peak allow for the 002α′′ and the 111α′′ to be distinguishable at set azimuthal angles. At
azimuthal angles, 20 ◦ from the tensile angles the entire α′′ pattern is distinguishable.
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Figure 5.10: SXRD intensity versus 2θ plot for sample 76A49 in the post-unloaded state. The bins
are 2 ◦ wide centred around 40 ◦ (green), 60 ◦(light blue), 70 ◦ (dark blue) and 90 ◦(red)χ.
Figure 5.10 shows intensity versus 2θ plots for sample 76A73 in the post-unloaded state for four
different azimuthal angles. The bins are 2 ◦ wide centred around 40 ◦ (green), 60 ◦(light blue), 70 ◦
(dark blue) and 90 ◦(red) χ. Both the intensity and the radial angle of the peaks vary with azimuthal
angle. The peaks observed at 70 ◦χ fit the α′′ structure well. The maxima at 60 ◦ χ are in the same
radial position as those at 70 ◦χ but the 111α′′ is more easily distinguishable.
The 70 ◦χ bin was used to fit the α′′ phase in samples 65A52, 69A39 and 76A49. The fits can be
seen in figure 5.11 and the lattice parameters in table 5.3.
Table 5.3: Lattice parameters of α′′ in samples 65A52, 69A39 and 76A49.
lattice parameters
samples aα′′ bα′′ cα′′
65A52 3.05 4.65 4.88
69A39 3.07 4.60 4.82
76A49 3.08 4.58 4.84
The d-spacing of the β peaks was used to calculate the β lattice parameter for each sample using
equation 3.3 in section 3.2. The wavelength used is 0.155324 A˚. The lattice parameter varied from
3.24 A˚ to 3.26 A˚, as shown in table 5.4.
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Figure 5.11: Intensity versus 2θ for samples 65A52, 69A39 and 76A49 in the as-produced (black) and
post-unloaded (blue) states. The α′′ peak positions have been labelled using red diamonds.
180
Table 5.4: lambda 0.155324 A˚. peak measurements taken from 10 ◦ bin around 90 as-produced (d0).
Error of 2theta reading ±0.0003 ◦ = ±0.00025 A˚
sample 110 200 211 220 310 average aβ
65A52 3.253905 3.255193 3.259910 3.259757 - 3.2572 ± 0.0033
69A39 3.262081 - 3.265809 3.254248 - 3.2607 ± 0.0014
76A49 3.264449 - 3.259569 3.256769 - 3.2603 ± 0.0042
76A73 3.257693 - - 3.257315 3.254934 3.2566 ± 0.0010
81A50 3.261490 - 3.263710 3.257568 3.254108 3.2592 ± 0.0051
71A98 3.249120 3.216007 3.250980 3.252025 3.248752 3.2434 ± 0.0076
5.1.1 Application of the Phenomenological Theory to the Current Results
Having calculated the β and α′′ lattice parameters, the pure distortions at the interface plane can be
calculated using the WLR theory explained in section 2.10. The transformation mechanism is known
to consist of a dilatational, rotational and shear component. Assuming no dilation, rotation or shear,
aα′′ =aβ and bα′′ and cα′′ =
√
2aβ. The principal distortions, δ1, δ2 and δ3, are therefore
aα′′
aβ
,
bα′′√
2aβ
and
cα′′√
2aβ
. The distortions and strains for samples 65A52, 69A39 and 76A49 can be seen in table 5.5.
Table 5.5: Principal distortions for samples 65A52, 69A39 and 76A49.
sample δ1 δ2 δ3 η1 η2 η3
65A52 0.936 1.009 1.058 -6.4% 0.9% 5.8%
69A39 0.942 0.998 1.045 -5.8% -0.2% 4.5%
76A49 0.9448 0.993 1.050 -5.5% -0.7% 5.0%
The following section is a brief summary of the WLR values for sample 65A52. The distortion
matrices, T ′1 and T ′′1 , consist of the principal distortions shown in table 5.5 with lattice parameters
substituted into equation 2.10 for the structure rotated around the k and j vectors in figure 2.56
respectively.
T ′1 =
1.0095 0 00 1.0594 0
0 0 0.9364
 T ′′1 =
1.0095 0 00 0.9364 0
0 0 1.00594
 (5.1)
Then, In order for the two variant distortion matrices to be in relation to the parent lattice the
matrices are rotated 45 ◦ resulting in matrices T1 and T2:
T1 =
1.0336 0.0249 00.0249 1.0336 0
0 0 0.9356
T2 =
1.0336 0 0.02490 0.9356 0
0.0249 0 1.0336
 (5.2)
The rotation matrix from twin 1 to twin 2, Φ:
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Φ =
 0.9995 −0.0240 0.02170.0217 0.9949 0.0989
−0.0240 −0.0984 0.9949
 (5.3)
F = (1− x)T1 + xφT2 (5.4)
where x is the relative amount of variant 2.
ΦT2 =
1.033550 0.022464 0.0474080.024944 0.930772 0.102775
0.000000 0.092051 1.027637
 (5.5)
F =
 1.03355 0.024944− 0.0474075x 0 + 0.0474075x0.024944 + 2.77556× 10−16x 1.03355− 0.102775x 0 + 0.102775x
0− 3.05311× 10−16x 0− 0.0920513x 0.935583 + 0.0920513x
 (5.6)
The values of x which satisfy the condition that the habit plane is one of zero average distortion
are 0.21459 and 0.78541. For x = 0.78541:
F =
1.03355 −0.01229 0.037230.02494 0.95283 0.08072
0 −0.07230 1.00788
 (5.7)
The rotation matrix and it’s transpose, which diagonalises the symmetric matrix Fs, are Γ and Γ
∗
so that:
F = ΨFs and Fs = ΓFdΓ
∗ (5.8)
The pure lattice distortions are entirely defined by the eigenvalues in Fd.
Fd =
1.0456 0 00 0.955 0
0 0 1
 (5.9)
For sample 65A52, the associated parameters are shown in table 5.6.
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Table 5.6: Values of the twin pair fraction, x, interface plane normal (in the frame of the β) n, shear
plane s, shear angle θ and twin plane normal t.
interface plane normal, n (0.667 -0.649 0.367)
interface plane normal, n 2.2◦ from (221)
shear plane, s (0.550 0.760 0.346)
shear plane, s 5.42◦from (342)
shear angle, θ 5.15224◦
twin fraction, x 0.785412 : 0.214588
twin plane normal, t (0.017 -0.724 0.716)
twin plane normal, t 1.32◦ from (011)
Interpreting these results, the following observations can be made. First, the amount of internal
twinning in the martensite is predicted to be in about a 4:1 ratio - as x = 0.21. The shear angle θ
is 5.2◦. This correlates well with the approximately five degree misorientation across the boundary
observed by Blackburn et al. in Ti-11.6Mo wt% [132]. Converting to radians to find a strain gives
θ = 0.087, so the average shear strain from the perfect orientation relationship is quite large - nearly
9%. Similarly, the departure of the eigenvalues λ1 and λ2 in Fd from unity is around 5%. These
eigenvalues are the normal strains in the interface plane. Locally within a material, strains greater
than ∼ 2% are usually sufficient to result in the production of dislocations, so the implication is that
these interfaces will contain dislocations (that is, be semi-coherent).
Turning to the interface plane, n, this is 2.2◦ from (221), and the twin plane is 1.32◦ from (011)
(both in the frame of the β matrix). Thus, the twin plane normal is around 45◦ from the interface
plane normal (n.t); that is, the twins would be observed to be inclined relative to n.
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5.2 Oxygen as a ternary addition
Oxygen has a significant effect on mechanical behaviour and can be used to improve both SE behaviour
and the yield stress of the alloy. The observations made by Miyazaki et al. [67] on the effect of oxygen
on binary Ti-Nb alloys were discussed in section 2.39. However, it should be noted that in much of
the literature, the oxygen content is unspecified and so the changes in mechanical properties due to
compositional variations cannot be directly compared. Miyazaki et al. concluded that in Ti-22Nb
(at.%) a 1 at.% addition of oxygen leads to a decrease in Ms temperature of roughly 160 K. It is worth
noting that for each alloy the temperature at which the apparent yield stress was the lowest was taken
as the Ms temperature. Miyazaki et al. [67] did not observe a distinct transformation peak in their
differential scanning calorimetry experiments, which they attributed to the small enthalpy associated
with the martensitic transformation. They reasoned that when Ms is around room temperature, then
the critical stress for transformation (and hence the apparent yield stress) will be minimised for room
temperature testing. This then allows the composition for which Ms is equal to room temperature
to be found, by finding the composition at which the yield stress is minimised. Though yield stress
minima in this study appears to be more closely related to the As temperature and the testing
temperature the decreasing and increasing trend related to β stabiliser content is apparent.
In this section, the effect of oxygen concentration is investigated in order to distinguish the pro-
portion of the change in mechanical behaviour that can be attributed to variations in molybdenum
or oxygen content. Three samples were produced with a molybdenum content of 7.2 at.% and oxygen
contents of 0.51, 0.66 and 0.75 at.%, table 5.7. The table also includes the molybdenum and oxygen
contents of the binary alloys discussed in chapter 4. The oxygen atoms occupy interstitial sites. As
such oxygen does not have a Bo or Md value and the ternary cannot be displayed on a Bo-Md map.
However, oxygen content has been shown to have an effect on phase stability and in turn on the phase
boundaries on the Bo-Md map, as discussed in section 2.2.2.
Table 5.7: Compositional analysis performed by LSM c©. The content of molybdenum was determined
using inductively coupled plasma optical emission spectroscopy and the oxygen content was analysed
using inert gas fusion infrared and thermal conductivity detection.
sample 72 - - 76 82 87 91
sample 72O51 72O66 72O75 76O29 82O19 87O21 91O25
Mo (wt.%) 13.51 13.51 13.55 14.6 15.2 16.0 16.8
O (wt.%) 0.27 0.35 0.40 0.15 0.10 0.11 0.13
Mo (at.%) 7.19 7.18 7.19 7.63 8.19 8.66 9.12
O (at.%) 0.51 0.66 0.75 0.29 0.19 0.21 0.25
Figure 5.12 shows the mechanical curves for Ti-7.2Mo with oxygen contents of 0.51, 0.66 and 0.75
at.%. The alloys will be referred to as 72O51, 72O66 and 72O75 respectively. Samples 72 and 72O51
are different labels for the same sample; the oxygen content was omitted from the sample labels in
prior chapters for clarity. The oxygen acts as a solution strengthener, increasing the yield stress by
70 MPa and subsequently 156 MPa for increases of 0.15 from 0.51 to 0.66 and 0.09 from 0.66 to 0.75
at.% oxygen respectively. The changes in yield stress are 47 MPa/0.1 at.% O and 173 MPa/0.1 at.%
O. Therefore the change in yield stress with oxygen content increases with oxygen content.
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Table 5.8: Changes in oxygen concentration and predicted associated solution strengthening assuming
30 MPa/0.1 at.% O.
sample 72O51 76O29 82O19 87O21 91O25
0.2% YS (MPa) 482 476 383 409 449
δYS (MPa) -6 -93 26 40
δO (at.%) -0.22 -0.10 0.02 0.04
solution strengthening (MPa) -66 -30 6 12
For samples 76O29, 82O19, 87O21 and 91O25 the change in yield stress would be less significant
than for the 7.2 at% Mo samples. assuming a constant change in yield stress of 30 MPa/0.1 at.% O,
the changes in oxygen concentrations should lead to a change in yield stress of 30, 6 and 12 MPa from
sample 76O29 to 82O19, 82O19 to 87O21 and 87O21 to 91O25, as shown in table 5.8. The actual
changes in yield stress are 93, 26 and 40 MPa, suggesting that the solution strengthening effect of the
oxygen accounts for roughly a third of the changes in yield stress. The rest of the change in yield stress
is due to the solution strengthening effect of molybdenum and the decrease in Ms temperature caused
by the variation in molybdenum and oxygen content. This analysis does not rule out the possibility
that the changes in yield stress are solely due to the solution strengthening effects of oxygen and
molybdenum but it suggests that it is unlikely.
For samples 72O51, 72O66 and 72O75, the stiffness increases with oxygen content from ∼70 GPa
to ∼80 GPa and ∼90 GPa, as shown in table 5.9. Figure 5.12b shows the unload curves, offset in strain
in order to more easily compare the unloading behaviour. The stiffness on unloading increases with
oxygen content as shown by the increase in gradient of the elastic recovery, also observed in loading.
The elastic recovery increases due to the increase in the apparent yield stress. Moreover, for sample
72O75 both the elastic and transformation recovery strains increase.
The transformation strain increases because the increase in oxygen content suppresses the Ms
temperature so that the phase stabilities are more favourable for reversible strain induced martensitic
transformation. This correlates well with the theory that SE alloys can be strengthened using inter-
stitial solution strengtheners whilst improving transformation recovery strains. However, the effect
of the oxygen content on suppressing the Ms temperature must be considered when designing the
composition of the alloy to suit a set SE temperature range.
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Figure 5.12: Mechanical curves of samples 72O52, 72O56 and 72O75. b: Unloading section of the
mechanical curves. The elastic and martensitic components of the recovery have been labelled.
Table 5.9: Mechanical properties of samples 72O52, 72O56 and 72O75.
sample E (GPa) σSIM (MPa) transf. res. el.rec. SIMrec. totalrec.
72O51 71.4 482 0.55 1.05 0.5 0.45 0.95
72O66 78.9 552 0.60 1.0 0.55 0.45 1.0
72O75 93 708 0.70 0.8 0.65 0.55 1.2
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5.3 Discussion
The effects of aluminium and oxygen as ternary additions to Ti-Mo were investigated. Additions of
aluminium and oxygen were shown to significantly improve the SE behaviour of the Ti-Mo binary
alloys. The addition of aluminium lowered the Bo and Md values. It has been shown that addition
of aluminium lowers the Ms temperature in Ti-Nb by Li et al. [105], however it also suppresses the
ω formation temperature. The ω phase also suppresses the Ms temperature. It has been shown
that a certain quantity of aluminium can adequately suppress the formation of ω to increase the
Ms temperature to it’s intrinsic value [56]. The addition of aluminium can therefore decrease and
increase the Ms temperature dependent on the ω precipitate size. Ternary additions will lower the Ms
temperature. This is due to the local lattice strain fields caused by different atom sizes in the matrix,
or the solution strengthening effect of interstitials, stabilising the matrix and in tun increasing the
energy required for the martensitic transformation.
The Bo and Md values allow relatively accurate predictions of the stable phases at room temper-
ature for binary alloys. For ternary additions the Ms temperature decreases with increasing ternary
concentration and therefore the binary Ms=RT line no longer applies. Assuming the Ms temperature
of the binary base alloy is above room temperature and knowing that generally ternary additions
cause the Ms temperature to decrease. For any Bo, Md ternary vector the Ms would at some point
decrease to room temperature. Therefore the Ms=RT line would be a circular border centred around
the binary base alloy Bo, Md point on the map. It was discussed in the previous chapter that the
Bo and Md values are not expected to be close to the GUM Bo, Md values because those values
only apply to Ti-Nb based alloys. The e/a value is however an important variable to consider when
designing an SE alloy and appears to apply for more complex systems than binaries [100]. Figure
5.13 shows the shear modulus of numerous Ti-V alloys and GUM metal. The range of e/a values for
Ti-Mo and Ti-Mo-Al have also been plotted. The martensitic transformation requires a shear along
the 110β plane. The energy required for this shear is directly proportional to the [110] shear modulus
G110 and the magnitude of the shear. It has been shown in Ti-V that for an e/a value of ∼4.1 the bcc
matrix becomes unstable and transforms to the hcp structure [101]. Therefore in order to promote the
transformation the shear modulus should be low enough to encourage the martensitic transformation
but high enough to prevent the nucleation of α or α′. The e/a values for all the Ti-Mo samples was
above 4.1 and below the e/a value for GUM. For Ti-Mo-Al samples 65A52, 76A73 and 71A98 have
e/a values below 4.1. Alpha or alpha prime was detected in samples 76A73 and 71A98 due to the
high alpha stabiliser content. No α or α′ was detected in the other samples. Due to G110 and the e/a
value for molybdenum being higher than for Nb the shear modulus is likely to be higher for TI-Mo
alloys than for similar e/a values on Ti-Nb based alloys. This suggests that though the e/a value
of the Ti-Mo samples is lower that of GUM, the shear moduli are likely to be similar but slightly
higher. The e/a values of the Ti-Mo-Al alloys would be lower. Similar to the Bo and Md values, it
appears that the e/a value for GUM should be set relative to the β stabilisers used. Moreover, the
composition of an SE alloy should be tailored to match a shear modulus and not an e/a value.
187
60
50
40
30
20
10
0
4.0 4.2 4.4 4.6 4.8 5.0
e/a ratio
G
1
1
0
 (
G
P
a
)
T
i-
M
o
 (
th
is
 s
tu
d
y
)
T
i-
M
o
-A
l (
th
is
 s
tu
d
y
)
increasing Mo
eq
5.2
V
Ti-73V
Ti-53V
Ti-38.5V
Ti-29.4V
70
80
90
Ti
-M
o
Ti-V model [Li et al.]
Ti-V experiment [Katahara et al.]
Ti-36Nb-2Ta-3Zr-0.3O [Talling et al.]
M
o,
 (6
,1
52
)
Figure 5.13: G110 versus e/a for Ti-V experimental (Katahara et al. [133]) and model (Li et al. [101])
results, Ti-36Nb-2Ta-3Zr-0.3O (Talling et al.[126]) and pure molybdenum (Katahara et al. [133]).
Adapted from Talling et al. [126].
In chapter 4 it was shown that the As temperature was close to room temperature for samples with
Mo contents greater than 7.2 at.%. The further addition of molybdenum lowered the As temperature
so that the austenitic phase was adequately stable to allow for the strain recovery austenitic transfor-
mation to occur on unloading. By 8.7 at.% molybdenum the best SE behaviour was observed. Beyond
8.7 at.% the austenitic phase was too stable causing the alloy to plastically deform preferentially to
transforming. The addition of 5 at.% aluminium to sample 82 has increased the percentage of the
total strain recovered from 61% to 95%. Due to not being a distinctly linear segment of the recovery
curve the estimated elastic and transformation proportions of the recovery could not be calculated as
for the other samples. However, for both sample 82 and sample 81A50 the yield strain is ∼0.5% strain.
As such the increase in recovered strain is estimated to be mainly due to an increase in recovered
transformation strain. Therefore the aluminium addition in sample 81A50 adequately suppressed the
As temperature, without stabilising the β phase, to significantly improve SE behaviour. Similarly
to sample 81A50 the addition of 7.3 at.% aluminium to sample 76 has significantly improved the SE
behaviour.
Figure 5.5 shows the diffraction patterns of sample 76A73 and 71A98 showing as-produced struc-
tures containing α. The mechanical curves in figure 5.3 combined with the diffraction patterns in the
three states of strain, show that sample 76A73 undergoes the reversible martensitic transformation
and that, as a result, the sample behaves superelastically. Sample 76A73 therefore shows that the
presence of α does not necessarily impede SE behaviour. This β+α alloy was not initially expected
to have SE properties. The structural properties of α/β alloys can be tailored to supersede β alloys.
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As such the viability of SE α/β alloys should be investigated.
The diffraction patterns of the alloys in the as-produced, max-strain and post-unloaded states can
be seen in figure 5.4. As with the binary alloys, the ternary alloys which exhibit superior SE properties
do not show significant amounts of α′′ in the whole ring integration plots. Sample 65A52 and 69A39
undergo an irreversible martensitic transformation whilst samples 76A49, 76A73 and 71A98 appear
to show both a load induced martensitic transformation and a degree of transformation reversal upon
unloading.
In both the binary and the Ti-Mo-Al alloys the SE behaviour appears to improve when the α′′ peaks
are close to the β peaks and in turn when the β stability is such that the lattice parameters of the α′′
phase are close to the ideal orientation relationship with the β. The alloys with strain induced peaks
closest to the β peaks have smaller transformation distortions associated with a smaller mismatch in
lattice parameters. By sample 81A50, the strain induced peaks appear in line with the 110β maxima,
as shown in figure 5.8. This correlates well with the lack of α′′ peaks observed in the whole ring
integration plots shown in figure 5.4. Notably sample 81A50 also showed the lowest residual strain.
A significant difference observed in the Ti-Mo-Al alloys is the radial splitting of the α′′ peaks. For
a set wavelength and sample to detector distance a change in radial angle must be due to a difference
in d-spacing. The Bragg angle associated with d-spacings in a known structure can be calculated for
a set wavelength and sample to detector distance. Similarly the d-spacing can be calculated from the
radial peak positions. It has been shown that straining the sample leads to changes in radial peak
position. It has also been shown that due to uniaxial loading and Poisson’s contraction the peaks move
by different amounts and in different directions at different azimuthal angles. This is clearly shown
by the bending of lines in the polar diffraction images of the loaded samples and is caused by dilation
and contraction of the structures in the tensile and compressive angles respectively. Theoretically
therefore, the difference in 2θ could have been caused by residual strain within the α′′ structure. The
waterfall plots seen in this figure were produced for every diffraction image and analysed. The strain
induced peaks can be seen to appear in their segregated azimuthal and radial positions rather than
forming as a uniform peak and separating later. The stress induced phase (SIP) maxima centred
around 70 ◦ and 110 ◦ χ appear at a slightly lower 2θ angle than the maxima which appear at the
tensile azimuthal bins, 90 ◦ and 180 ◦ χ. This suggests the the SIP is forming as two structures with a
set relative orientation relationship. Theoretically these structures could be the α′′ variants. Although
it is not yet understood why the variants would have different lattice parameters.
The plots showing intensity, versus radial angle 2θ versus azimuthal angle χ for samples 65A52
and 76A73, in figure 5.9, shows how the azimuthal intensity concentrates around discrete azimuthal
angles of the α′′ peaks with strain. The change in azimuthal intensity shows strain induced rotation of
the α′′ grains. In sample 76A73 the maxima form at the set azimuthal angles rather than reorienting.
The results show that previously induced α′′ grains can be reoriented by strain suggesting preferential
growth of variants in line with the uniaxial strain. Where no α′′ is present in the as produced state the
α′′ forms in the preferred orientation rather than forming and reorienting with strain, as expected. It
is likely that the reorientation combined with the reverse transformation is what caused the reoriented
β peaks to appear after unloading, as shown in chapter 4.
It has been shown that oxygen can be used to improve SE behaviour by increasing the yield strain
and suppressing the Ms temperature. The SE behaviour is mainly improved by raising the yield stress,
in turn extending the elastic portion of the reversible strain. The yield stress of the binary alloys were
shown to decrease to a minima with increasing load which was said to be due to the stability of the β
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phase and the associated effect on the Ms temperature. It was shown that the change in yield stress
was in part due to the solution strengthening effect of oxygen, but still mainly due to beta stability.
It was hoped, following James and Hames and Cui et al., to apply the phenomenological theory to
all of the alloys presented here, and correlate the closeness of the eigenvalues λ to unity with the extent
to which martensite superelasticity was fully reversible. The hypothesis was that if the interface strains
are small enough to be accommodated elastically, then there would be no accumulation of interface
defects, and then fully reversible martensite superelasticity would be observed. Such an alloy could
then be used as a damper, for example. The results from the present study could then be used to find
a Ti-Mo-Al-O alloy that would have (i) reasonable strength from O solution strengthening and (ii) a
Mo-Al balance that would provide an As just below room temperature and lattice parameters (using
Vegard’s Law) that provide low-strain interfaces. This would allow such an alloy to be designed.
However, the phenomenological theory as presented by Leiberman et al., does not provide sensible
results unless one of the eigenvalues happens to be one - that is, there is a zero strain direction normal
to the interface. This is something of a special case. We believe that this shortcoming in the derivation
has been solved by James, but this awaits further work.
In addition, the most superelastic alloys found in the present study had diffraction peaks that were
fully overlapped with the β - which is a natural corollary of their having similar lattice parameters
in the transformation planes and hence low strain interfaces. As the twins are very fine, conventional
dark field TEM cannot easily provide the diffraction patterns from isolated α′′ plates; so with the
help of Dr Vassili Vorontsov, it was attempted to use the fast Fourier transform of high resolution
TEM images of the α′′ (see Appendix). This was first attempted for alloy 65A52, for which good
synchrotron results were found, but this did not result in reasonable lattice parameters. There are a
number of possible reasons for this, including specimen heating by the electron beam and the relief
of strain normal to the foil direction found in thin TEM foils.
Therefore, the present work provides a step forward, in providing a systematic study across a range
of simple Ti-Mo and Ti-Mo-Al compositions. But frustratingly, it does not quite provide an answer in
terms of allowing an alloy to be designed, which awaits higher resolution synchrotron measurements of
lattice parameters for closely-misfitting martensites and development of the phenomenological theory.
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5.4 Conclusions
The correct amount of aluminium and oxygen can improve the superelastic properties of Ti-Mo
significantly. The Bo and Md values cannot be used in combination with the conventional Bo–Md
map to predict whether the alloy will behave superelastically. The e/a values for Ti-Mo and Ti-Mo-Al
suggest that the [110] shear modulus of the β matrix was similar to that of GUM but that similarly
to the Bo and Md values the desired e/a value is dependent on the primary β stabiliser used. For
the Ti-Mo based alloys in this study, for e/a values below 4.1, α, α′ and/or α′′ were detected in the
as-produced state. These phases were not present in the alloys with e/a values above 4.1.
A 4.9 at.% addition of aluminium to Ti-7.6Mo at.% increased the percentage of total strain
recovered from 59% to 80%. An addition of 7.3 Al at.%, increased the recovery to 94% causing an
almost complete recovery of a 3% applied strain, at room temperature. This is significant because the
alloy contained α. The prospect of an SE α/β alloy is interesting because of the desirable mechanical
properties attainable in these alloys. The addition of 5 at.% aluminium to sample 82 led to an increased
recovery from 61% to 95% for an applied strain of 1.5%, at room temperature, for a metastable β
Ti-Mo-Al alloy. The addition of aluminium is known to suppress the Ms temperature and decrease
the β stability.
The addition of oxygen was shown to improve the yield stress of the alloys without impeding
the martensitic transformation, thereby simultaneously improving the yield stress and increasing the
elastically recoverable strain. The yield stress minima of the Ti-Mo samples does not appear to be
solely attributed to the solution strengthening effect of oxygen. As observed in the binary alloys, the
extent of the transformation appears to be inversely proportional to the mismatch of the α′′ lattice
parameters and the ideal orientation relationship with β. The reorientation of pre-existing α′′ was
shown in sample 65A52. To the author’s knowledge, this is the first time reorientation of α′′ with
strain has been observed using SXRD. The intensity of the α′′ concentrated at specific azimuthal
angles with strain. This shows that the α′′ grains are reorienting preferentially due to the uniaxial
load. Where no α′′ is present in the as-produced state, the α′′ forms in the preferred orientation.
Incomplete reversal of the transformation can lead to reoriented β grains as observed in chapter 4.
The α′′ pattern was fit for a 15 ◦ azimuthal bin around 70 ◦χ and the lattice parameters for samples
65A52, 69A39 and 76A49 were calculated. Due to the proximity of the α′′ and β peaks of sample
with low mismatch, the lattice parameters for the alloys with significant SE recoveries could not be
calculated with the given resolution. The phenomenological theory devised by Wechsler et al. [130]
was used successfully for sample 65A52. The interface plane normal was 2.2 ◦ from (221) and the
twin plane is 1.32 ◦ from (011). The shear angle is 5.15 ◦ leading to an average shear strain of 9%.
The principal distortions in the interface plane are ∼5%. The reverse transformation and strain
recovery is therefore impeded by the plastic deformation caused by the large strains associated with
the martensitic transformation. The sample can be seen to almost completely transform to α′′ on
loading but no austenitic transformation was observed on unloading using SXRD.
In conclusion, in order to promote SE behaviour the composition needs to be designed with the
i) [110] shear modulus, ii) the β stability, iii) the Ms temperature, iv) the oxygen content, v) the ω
content and vi) the application temperature in mind.
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Chapter 6
Cyclic superelasticity
In this chapter, the effect of repeated load-unload cycles to successively greater total strains are
examined. SE alloys that fully recover predictably and reliably at room temperature have been
produced. However, in most cases cyclic loading causes an ever increasing residual strain. In order
for the alloys to become more commercially viable it is important that this residual strain is limited.
GUM metal has shown SE behaviour similar to that of Ti-Ni, which has significantly superior cyclic
recoverable strains than SE titanium binary alloys. It has therefore been shown that the addition of
ternary, quaternary and even quinary alloying additions can significantly improve the cyclic stability
of SE mβTi alloys. In this chapter the mechanical curves and their associated SXRD data are reviewed
for the Ti-Mo-Al alloys, when subjected to three cycles of incrementally increasing total applied strain.
6.1 Mechanical Curves
The mechanical curves of the Ti-Mo-Al alloys can be seen in figure 6.1. The first, second and third
cycles have been coloured red, blue and green respectively. The samples were strained at room
temperature and remained at room temperature between cycles. The SE recoveries were not thermally
induced. The samples have been ordered according to proximity of the α′′020 peak to the β110 with
decreasing distance from top left to bottom right. Notably the mechanical curves can be split into three
groups of behaviour which correlate with the groups of patterns observed in figures 5.6 and 5.7. The
mechanical curves for samples 65A52 and 69A39 appear similar. In both cases the samples appear to
yield and work harden non–linearly, with sample 69A39 showing a more pronounced non–linear elastic
recovery than 65A52. The strain recovery in both samples is insignificant. The other four samples,
76A73, 76A49, 71A98 and 81A50 show very little work hardening, which is particularly apparent in
samples 76A49 and 81A50 which have been strained to∼8% 1. Samples 76A73, 76A49 and 81A50 show
significant SE recovery. In sample 76A49 the SE recovery observed in the second cycle is greater than
the total strain of the first cycle, even though the first cycle did not undergo complete recovery. The
same behaviour can be observed for the third cycle in sample 76A73. This shows that residual strain
does not necessarily impede the martensitic or austenitic transformations. The mechanical properties
of sample 76A43 have been listed in table 6.1. The strains have been normalised in order to compare
the numbers more easily. The strains of the cycles which are cumulative were 2.24%, 2.35% and 2.63%
1Sample 76A49 was strained to just beyond 8% strain. At 8% strain the strain gauge limit had been reached causing
a recorded vertical drop in stress at a constant strain. Once the sample reached 8% strain, on unloading, the gauge
started to correctly record the strain of the sample again, the vertical drop in stress should therefore be ignored and the
behaviour beyond 8% is assumed to look very similar to sample 81A50.
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Table 6.1: The stress and strain components of the three strain cycles for Ti-7.6Mo-4.9Al as defined
in figure 4.4. For cycles two and three the the strain has been normalised to zero by subtracting the
residual strain value at the start of both cycles.
cycle first second third
0.2% YS (MPa) 550 444 356
plateau onset stress (MPa) 550 600 644
max stress (MPa) 584 629 650
reverse trans. stress (MPa) 335 332 280
total strain (%) normalized 2.24 5.20 5.65
residual strain (%) normalized 0.44 2.35 2.62
total recovery (%) 1.8 2.85 3.03
% total strain recovered 80 55 54
estimated elastic recovery (%) 1.39 1.70 1.81
estimated trans. recovery (%) 0.41 1.15 1.22
% elastic recovery (%) 77 60 60
% trans. recovery (%) 23 40 40
and yet the recovery strains were 1.8%, 2.85% and 3.03%. The SE recovery therefore increases with
increasing strain, the percentage of the total strain recovered, however, decreases per cycle. In sample
81A50 a 95% recovery is observed in the first cycle, for a total strain of 1.63%.
Sample 71A98 shows no noticeable SE behaviour; instead the sample appears to yield more con-
ventionally, leading to a linear elastic recovery. However, the non–linear elastic load, and change in
stiffness between the loading and unloading stiffness, suggests non reversible transformation could
have occurred. In both samples 71A98 and 76A73 the first strain cycle is fully elastic. Sample 81A50
shows an almost complete recovery from the first cycle. Similarly to 76A49 the recovery of the second
cycle is greater than the total strain of the first cycle even though the maximum stresses are very
similar. In samples where the SE behaviour is most pronounced, samples 76A73, 76A49 and 81A50,
the apparent yield stress decreases with each consecutive cycle. This is shown more clearly in figure
6.2. Sample 81A50 shows almost complete recovery from a strain of ∼1.5% with a transformation
stress of ∼400 MPa. The recovered strains in both 81A50 and 76A49 appear to remain constant
irrespective of the length of the plateau region or total strain. This is particularly apparent in 76A49
where the SE recovery is almost identical from cycle two to cycle three, where cycle two is strained
to ∼5.5% strain and cycle three is strained to ∼8.5%. For both cycles the recovery is roughly 2.8%.
Sample 81A50 recovered 95% of the total strain in the first cycle, 59% in the second and 40% in the
third. Though the proportion of the recovery decreased the total strain recovered for both cycles two
and three were 2.52% and 2.69% strain respectively. Sample 76A73 showed a 93% recovery from a
3.17% strain and a 80% recovery from a normalised 4.96% strain and is therefore considered to have
the best SE behaviour.
Figure 6.3 shows the initial loading curve of each cycle for sample 81A50. During the first loading,
bending of the linear elastic line first occurred at ∼340 MPa. During the second and third load there
are two stresses above which there are significant changes in the apparent macroscopic modulus.
This is often referred to as the double yielding phenomenon and is associated with the martensitic
transformation where the first apparent yield point is the onset of the transformation and the second
is the onset of plastic deformation. These stresses are ∼260 MPa and ∼640 MPa for the second cycle,
and ∼260 MPa and ∼760 MPa for the third cycle. By the third cycle, the initial stiffness has decreased
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Figure 6.1: Mechanical curves Ti-Mo-Al ternary samples analysed using SXRD. Samples strained at
room temperature at a strain rate of 10−4s−1. The first, second and third cycles have been coloured
red, blue and green respectively. The anomalous behaviour in sample 76A49 was caused by the strain
gauge limit being reached as discussed.
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Figure 6.2: Mechanical curves Ti-Mo-Al ternary samples analysed using SXRD. Samples strained at
room temperature at a strain rate of 10−4s−1. The first, second and third cycles have been offset in
strain in order to accentuate the drop in apparent yield stress with each consecutive cycle.
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Figure 6.3: Loading segments of cycles one to three of sample 81A50 in red, blue and green respectively.
The extrapolation of the first cycle elastic region has been superimposed onto all three cycles to clarify
the change in stiffness.
from 64 GPa to 48 GPa. The initial apparent yield, therefore, decreased significantly from the first
to the second cycle and then remained similar for the third. The second point of inflection on the
curve increased by 120 MPa from cycle two to cycle three. The cyclic decrease in apparent yield stress
suggests that the energy required to strain induce the martensite decreases per cycle.
6.2 Diffraction patterns
The changes in diffraction pattern with cyclic loading for sample 65A52 can be seen in figure 6.4.
The plots of intensity versus 2θ versus time show the diffraction pattern at five second intervals for
three cycles. The patterns have been integrated for a 15 ◦ bin around 90 ◦ χ. The decrease in 2θ
with increase in load, and subsequent increase in 2θ with decreasing load, can be observed for all
three cycles. This change in 2θ is due to the change in d-spacing caused by the uniaxial tensile load.
The mechanical curves associated with these patterns can be seen in figure 6.1. For all five β peaks
the intensity of the peaks stays constant up to a point, beyond which the intensity decreases ever
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increasingly with increasing strain. The decrease in intensity of the 110β peak has been traced using
a red dotted line. The intensity of the β peaks does not increase on unloading, This correlates well
with the lack of SE recovery observed in sample 65A52. At the point in strain at which the β peak
intensity decreases, the α′′ peaks can be seen to increase in intensity. By the end of the third cycle,
or ∼6% applied strain, only α′′ remains.
Figure 6.5 shows the intensity versus 2θ versus time plots for the six Ti-Mo-Al alloys. In this
figure, each offset line is an integration around either 90 ◦, on the left, or 70 ◦ χ, on the right. As
before, the samples have been ordered so that the α′′ peaks tend toward the β peaks from top to
bottom. The phases observed are β, α′′ and, for samples 76A73 and 71A98, α.
It is immediately apparent that the strain induced peaks appear at both 90 ◦ and 70 ◦ χ. For all
samples the α′′ peaks are more apparent in the 70 ◦χ bin than the 90 ◦ χ bin. The intensities of the
strain induced peaks increase and decrease proportionally with load and inversely proportionally with
the intensity of the β peaks. Therefore, the peaks at 70 ◦ and 90 ◦χ are both associated with reversible
strain induced phases.
For samples 65A52, 69A39 and 76A49 the α′′ peaks are more prominent around 70 ◦ χ. In sample
76A49 α′′ can be observed appearing and completely disappearing in the first cycle. From figure 6.1
it is clear that there is a significant residual strain after the first cycle. This shows that plastic defor-
mation has occurred concurrently with the transformation and that the plastic deformation defects
do not prevent a fully austenitic transformation on unloading. Minimising residual strain therefore
requires strengthening of the matrix in order to increase the critical stress for plastic deformation.
In sample 76A73 the α′′ shoulder appears in the second cycle and becomes more intense than the
β peak at max load in the third cycle. The α′′ shoulder does not appear in the first cycle because
the first cycle was purely elastic. This shows transformation does not occur until the apparent yield
stress is reached. In sample 71A98 alpha peaks are present but do not change in intensity during
either loading or unloading. In samples 65A52 and 69A39 the β peaks can be seen to disappear with
accumulated strain whilst the α′′ peaks increase in intensity.
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Figure 6.4: Intensity versus 2θ versus time plots for 15 ◦ bin integrations around 90 ◦ χ for sample
65A52. The patterns shown are taken at five second intervals. The end of the first and second cycles
have been highlighted in black. The β peaks have been labelled.
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Figure 6.5: Intnesity versus 2θ versus time plots for the Ti-Mo-Al samples strained at room temper-
ature for three cycles of incrementally increasing total strain. The patterns are 15 ◦χ integrations
around the 70 ◦ and 90 ◦ azimuthal angles.
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6.3 Relative volume fraction
Imperfections in structure cause diffraction peaks to broaden; for example, the stress fields associated
with dislocations give rise to variations in lattice parameter that then give rise to peak broadening.
For martensitic materials, the strain fields associated with the martensite interfaces can also give rise
to broadening. The intensity of a peak is proportional to the intensity of the incident beam and
volume fraction of the associated structure within the interaction volume (as well as the multiplicity
and scattering factors, etc.). The intensity of the incident beam is not constant and not necessarily
similar from one experiment to another; as such all the intensities are plotted in arbitrary units.
Therefore, only relative intensities can be compared. The relative cumulative area of two structures
is proportional to their relative volume fractions. The increase and decrease in peak areas of α′′ peaks
with load and unload respectively are in turn related to an associated change in volume fraction.
Figure 6.6 shows the cumulative area of the β peaks (red) and the α′′ peaks (blue) versus time,
alongside load versus time for the three cycles. The peaks are fitted using a Gaussian approximation.
This fit is then repeated sequentially for each diffraction image. Two images were recorded every
second. The peak area is the product of the width at half max intensity and half the maximum
intensity. The peak area of the β110 in the 90
◦χ bin has been plotted in red. The α′′ peak area, which
is a combination of the α′′020, α′′002 and α′′111 peak areas is plotted in blue.
In the first cycle the β intensity can be seen to increase with load up to the yield stress of
∼400 MPa. The cause of this rise in intensity is not yet understood. Once the yield stress has been
reached however the β intensity decreases whilst the α′′ intensity increases. This behaviour repeats for
the three load cycles so that the intensity of the α′′ peaks is roughly proportional to the load and the
intensity of the β peaks is roughly inversely proportional to the load. This behaviour is particularly
apparent for β during the unload of the second cycle and the loading of the third cycle. In the
third load cycle there is a plateau region of constant load for a significant strain range. Throughout
this plateau region the α′′ peak area increases significantly. This correlates well with the mechanical
behaviour of the alloys shown in figure 6.1. It was shown that the increasing length of the plateau
region was associated with a larger transformation strain recovery. The relative peak area suggests
the alloy undergoes a significant proportion of the β to α′′ transformation within the plateau region
of the mechanical curve. This correlates well with the mechanical curves in which the transformation
recovery strain increased with increasing plateau length. Therefore, the extent of the non-elastic
recovery is proportional to the variance in α′′ relative volume fraction.
In figure 6.5 the α′′ peaks can be seen to appear at 70 ◦ χ for sample 81A50 and at both the 70 ◦
and 90 ◦ azimuthal angles for sample 76A49. Figure 6.7 shows the relative peak area and load versus
time plot for sample 76A49 in which the α′′020 peak area in the 90 ◦χ bin has been plotted in green.
In sample 76A49 the α′′ peaks from the 70 ◦χ bin and the 90 ◦χ bin behave similarly up to the third
cycle. As in sample 81A50 the intensity of the α′′ peaks and β peaks are proportional and inversely
proportional with load respectively. Throughout the plateau region in the third cycle however, the α′′
peak area from the 70 ◦χ bin increases rapidly whilst the area of the α′′ and β peaks from the 90 ◦χ
bin decrease. The drop in relative β intensity is associated with the load induced transformation.
The drop in α′′90 however is indicative of preferential variant selection. A process whereby one of the
two α′′ variants grows at the expense of the other. Tobe et al. observed preferential variant growth
with strain in Ti-Nb using bright field and dark field TEM imaging [66]. The process can be seen to
reverse, shown by an increase in α′′90 peak area during unloading. Once the variants have transformed
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Figure 6.6: Peak area for the peak in the 3.5-4 2θ region for the d70 (blue) and d90 (red) bins for
sample 81A50
the α′′ phase transforms back into β as indicated by the simultaneous drop in both α′′ variants and
concurrent increase in β relative volume fraction.
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Figure 6.7: Peak area for the peak in the 3.6-3.8 2θ region for the d70 (blue) and d90 (green) bins
and 3.8-4 2theta region for d90 (red) for sample 76A49.
6.4 Discussion
The cyclic behaviour of Ti-Mo-Al was investigated by cycling samples with incrementally increasing
total strain whilst imaging the sample in SXRD. Samples 65A52 and 69A39 showed work hardening
and negligible strain recovery. The change in diffraction pattern showed a complete transformation
from β+α′′ to fully retained α′′ in 6% strain. The α′′ was therefore plastically deforming and work
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hardening with strain. Samples 81A50 and 76A73 were strained to over 8% strain with negligible
work hardening. It was shown in figures 6.6 and 6.7 that the relative volume fraction of α′′ increases
significantly throughout the plateau region. This increase in transformation leads to an increase in
SE recovery strain with increasing total applied strain. Though the total strain recovered increases,
the percentage of the recovered strain decreases. The residual α′′ relative volume fraction increases
with every cycle. A significant proportion of the residual strain is therefore α′′ which does not
undergo an austenitic transformation on unloading. The exact proportion of residual strain attributed
to permanent deformation of the β and untransformed α′′ could have been measured by thermally
inducing the austenitic transformation.
Sample 76A73 was deemed to exhibit the best superelastic behaviour. In figure 6.5 the α′′ peaks
can be seen to appear as a shoulder on the 110β peak appearing and disappearing with loading and
unloading respectively. By the third cycle the α′′ peak supersedes the intensity of the β peak at max
strain. On unloading the β peak recovers and the shoulder disappears. The diffraction data therefore
correlates well with the superior SE behaviour.
Figure 6.2 shows the change in apparent yield stress for the SE samples. The apparent yield stress
decreases per cycle. Figures 6.6 and 6.7 show that the residual α′′ content increases per cycle.
If the critical strain for transformation exceeds the elastic limits of the matrix, as calculated for
sample 65A52, the energy required for the β to α′′ transformation will be higher than the energy
required to reorient pre existing α′′. It has also been shown that the austenitic transformation can
cause residual β phase rotation. If the sample were reloaded, the energy required to transform the pre-
preferentially oriented β grains would be lower than if the grain still required rotating. It is therefore
suggested that the apparent yield stress decreases due to the earlier onset of α′′ reorientation and
transformation of pre-preferentially rotated β grains in samples with pre existing α′′. By comparing
the mechanical curves and the diffraction data, it’s apparent that where the transformation of α′′
requires associated plastic deformation, work hardening is observed. In samples where the work
hardening is minimal the SE recovery is increased.
Sample 76A49 undergoes a complete reverse transformation in the first cycle as shown in figure
6.5, however, as seen in figure 6.1 the alloy does not undergo a full strain recovery. In the first cycle
an α′′ peak can be seen to appear and disappear. The first cycle reaches a total strain of 2.24%
and a residual strain of 0.44% strain. It is therefore possible to undergo a strain induced martensitic
transformation, whilst plastically deforming the matrix, and still fully reverse the transformation on
unloading. Though not proved in this study, it is likely that plastic deformation occurs in grains
which are oriented in such a way that makes them unfavourable to transformation for the uniaxial
load. If this is the case, grains which are not preferentially-oriented can dislocate without affecting the
martensitic and austenitic transformation in preferentially-oriented grains. Therefore, the β matrix
can undergo plastic deformation without impeding the austenitic transformation. Moreover, in order
to reduce residual strain more grains need to be preferentially oriented and the matrix needs to be
strengthened to raise the critical stress for slip.
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6.5 Conclusions
Sample 65A52 is shown to undergo a complete transformation from β+α′′ to purely α′′ in ∼6% strain.
The mismatch in lattice parameters between the α′′ and the ideal orientation relationship impedes
the α′′ to β transformation on unloading. SE behaviour was observed in alloys Ti-7.6Mo-7.3Al,
Ti-8.1Mo-5Al and Ti-7.6Mo-4.9Al at.% at room temperature. Sample 76A73 showed the best SE
recovery correlated with a pronounced transformation from β to α′′ up to max strain, returning to
β on unloading. The proximity of the α′′ peak to the β peak suggests the mismatch of the lattice
parameters was low. The recovery of the SE samples increased with increasing strain. This was
shown to be due to the accelerated formation of α′′ in the plateau region of the mechanical curve of
samples 76A49 and 81A50. Where the critical strain for transformation was shown to be larger than
the elastic limit of the matrix, the alloy work hardened with strain. The plastic deformation required
for transformation impeded the austenitic transformation and in turn the associated strain recovery.
The relative volume fraction of α′′ to β showed an incremental increase in residual α′′ volume
fraction per cycle. Therefore, a significant proportion of the residual strain is α′′ which does not
austenitically transform on unloading. The apparent yield stress decreases per cycle due to the pre-
existing residual α′′ and pre-preferentially-oriented β. The combination of plastic deformation of the
matrix and pre-existing-preferentially-oriented β grains causes the apparent yield stress to drop and
the plastic deformation stress to increase per cycle. Sample 76A49 undergoes transformation from
pure β to β+α′′ and back to pure β for the first cycle. However, the first strain cycle is not fully
recovered on unloading. Therefore the plastic deformation of the β matrix does not necessarily impede
the martensitic or austenitic transformation. The relative volume fraction of α′′ to β was measured
using the relative areas of the α′′ and β diffraction peaks. For sample 76A49 the relative volume
fraction of α′′ at the 70 ◦χ and 90 ◦χ azimuthal angles were compared throughout the strain cycles.
The increase in strain in the plateau region led to a significant increase in the volume fraction of the
α′′ peaks at 70 ◦χ which coincides with a decrease in relative volume fraction of α′′ at 90 ◦χ. This
behaviour is indicative of preferential growth of α′′ variants. On unloading, the preferential growth
appears to reverse before the α′′ transforms to β.
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Chapter 7
Conclusions and outlook
7.1 Conclusions
The superelastic phase transformations in a series of β-titanium alloys were examined using in-situ
synchrotron X-ray diffraction. First the binary Ti-Mo system was examined and subsequently Ti-
Mo-Al and Ti-Mo-O ternary alloys. This incremental approach contrasts with previous work aiming
to take advantage of the low modulus associated with SE behaviour by additionally carefully con-
sidering the compositional effects on the transformations. Detailed study of the superelastic phase
transformation was carried out in-situ where the reversible nature of the transformation causes the
superelastic phase to largely disappear upon unloading. The lattice parameters and trigger stresses
allow the behaviour to be related to the crystallographic theory of martensite transformations.
The Ti-Mo system was used as a basis, instead of the Ti-Nb system used by biomedical researchers,
as it allows for cheaper and lower density alloys to be developed for, e.g. aerospace applications. A
particular aim was to develop alloys that possess cyclic stability, where the transformation could be
employed thousands of times, at least for relatively low total cyclic strains. Previous work in the
research group on biomedical alloys such as GUM metal and Ti-2448 has shown that cyclic stability
is a key factor if the superelasticity is to be used in applications such as damping or to exploit the
large nominally elastic or recoverable strains that can be exhibited.
Most SE mβTi alloys are based on the Ti-Nb binary alloy. Molybdenum is a good candidate as an
alternative primary β stabiliser because it is a more potent stabiliser than Nb and in turn significantly
less Mo is required than Nb, saving both weight and cost. SE mβTi binaries can undergo complete
strain recoveries of over 2% applied strain but only at sub ambient temperatures. SE behaviour is
sensitive to both composition and temperature. It was shown that at room temperature the largest
SE recovery was observed for a Mo content of 8.7 at.%. This alloy had Bo and Md values of 2.814
and 2.405 respectively. The Bo, Md and e/a values have been shown to be important for SE alloy
design but also dependent on the primary β stabiliser used. Therefore, the ’magic’ numbers for GUM
only apply to Ti-Nb based alloys.
A phenomenological crystallographic theory for martensitic transformations was used to calculate
the principal distortions, shear and rotations associated with the β to α′′ transformation. For all
studied alloys the extent of the austenitic transformation on unloading was dependent on the lattice
parameter mismatch between the β and α′′ phases. In Ti-6.5Mo-5.2Al the shear strain was 9%
and the principal distortions on the interface plane were ∼5%. Both of these strains exceed the
elastic limit of the matrix. Therefore the transformation involves plastic deformation which impedes
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the austenitic transformation and SE strain recovery. In mβTi binary alloys complete recovery is
observed at a composition where the mismatch is low enough for the transformation strains to be
elastic. At these compositions the As temperature is below room temperature. In order to observe
complete recovery at room temperature the lattice parameters, β stability and Ms temperature need
to be varied independently. This can be done using alloying additions, precipitates or by varying the
microstructure thermomechanically. The addition of aluminium suppresses ω and improves the SE
recoveries of Ti-Mo significantly. The addition of 7.3 Al at.% to Ti-7.6Mo increased the SE recovery
from 59% to 94% of the total applied strain.
The stability of the β phase is related to the average valence electron number and in turn the elastic
constants of the structure. The [110] shear modulus for SE Ti-Mo-Al is close to that of GUM. The
addition of aluminium softens the shear modulus by lowering the average valence electrons per atom
value of the alloy and increases the As temperature by suppressing the formation of ω, increasing room
temperature SE recovery. Reorientation of α′′ by strain has been observed in SXRD and reported for
the first time in this study. The reorientation is caused by preferential variant growth with uniaxial
load. From a fully retained β structure, the strain induced α′′ forms in the preferred orientation.
Incremental increases in applied strain showed that plastic deformation associated with the trans-
formation led to work hardening. Work hardening was observed in alloys where the transformation
strains and shears exceeded the elastic limit of the matrix. The yield stress increased with every cycle
and the critical stress for transformation decreased. The onset stress for transformation decreased
due to the presence of remnant pre-preferentially-oriented β grains from the previous cycle. Both
plastic deformation of the matrix and β to α′′ transformation occurred simultaneously. The presence
of plastic deformation artefacts did not impede the SE recovery. The residual strain is therefore par-
tially untransformed α′′ and plastic deformation of the matrix. Reduction of the residual strain can
therefore be achieved by strengthening the matrix and by encouraging completion of the austenitic
transformation on unloading. Where minimal work hardening was observed, the rate of formation of
α′′ increased rapidly in the plateau region. The preferential growth of α′′ variants was shown using
SXRD. The preferential growth was observed to reverse before the α′′ reverted to the β structure.
In this study the transformation mechanisms of the martensitic transformation associated with SE
behaviour was analysed theoretically, mechanically and using SXRD. To conclude, it is both possible
and practicable to produce cheaper and lower density SE alloys than GUM and NiTi. However, the
complexity, density and cost of these alloys increase with increasing application temperature.
7.2 Outlook
Superelastic alloys have been thoroughly investigated and improved for biomedical applications. In
order to develop alloys which are commercially viable for other applications including aerospace the
priority of properties will have to change. The use of biologically toxic elements for example could
be beneficial to lowering the density, increasing the strength or application temperature. The second
endeavour will be raising the application temperature for SE alloys. The largest obstacle to aerospace
superelastic mβTi alloys is the nucleation and growth of ω and α. ω will both embrittle the matrix
and ω and α will cause local destabilisation impeding SE behaviour. The suppression of ω and α
nucleation should be investigated for Ti-Mo based alloys. In the short term, NiTi is more suitable for
high temperature SE behaviour.
It was hoped that the crystallographic theory for martensite transformation could be used to show
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the relation between the principal distortion, shear and rotation components of the transformation
and SE behaviour. Due to SE behaviour relying on a small mismatch between the β and the α′′
the peaks are too close together to distinguish. It is hoped that with higher resolution SXRD these
peaks could be distinguished leading to lattice parameters and associated transformation strains and
rotations. If the peaks could be distinguished the transformation characteristics could be calculated
throughout the strain cycle.
In-situ TEM could be used to investigate the interaction of β reorientation, the formation of α′′
and the preferential variant growth. Further understanding of the rotational, dilatational and shear
components of the transformation and plastic deformation, including defects which form as a result
of transformation, could be minimised or even eradicated.
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Appendix A
HRTEM of sample Ti-6.5Mo-5.2Al at.%
a) b)
c)
d)
e)
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Figure A.1: High resolution transmission electron micrographs of Ti-6.5Mo-5.2Al at.% after strain
cycling to 2, 4 and 6% strain at room temperature. a: α′′ lath, dark field image at 21k magnification
with aperture centred around ω diffraction spot. b: Micrograph at 245k magnification showing α′′
lath surrounded by β. c Micrograph at 620k magnification showing the α′′/β boundary. d Fourier
transform of the α′′ region showing the diffraction pattern for the [101]α′′ zone axis. e: Fourier
transform of the β region showing the diffraction pattern for the [113]β zone axis.
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Figure A.2: Frequency domain images images of α′′ and β obtained via TEM of sample Ti-6.5Mo-5.2Al
at.% imaged after strain cycling to 2, 4 and 6% strain at room temperature. a: Diffraction pattern
of α′′ with [110]α′′ zone axis. Superimposed is the simulated diffraction pattern using CrystalMaker
showing the associated directions. b: Diffraction pattern of β region. Superimposed is the simulated
diffraction pattern for a [113]β zone axis.
The sample was electropolished in 8% H2SO4 in methanol at -40
◦C at 18 V. The images were taken
using a FEI Titan 80/300 Cs aberration corrected TEM microscope. The lattice parameters were
calculated using the simulated patterns to identify the diffraction spots. The β lattice parameter
was calculated to be 3.36 A˚. This value does not correlate well with well established knowledge on
titanium lattice parameters or the XRD data from this study. Errors could be caused by thermal
expansion caused by the beam or calibration errors. However the pattern for the area believed to be
α′′ was either the [101]α′′ zone axis or the [112]β zone axis. The lattice parameter calculated from the
020 lattice parameter is 4.98 A˚. It was concluded that the pattern was an α′′ pattern with a [101]α′′
zone axis. The value is larger than the ∼4.88 A˚ value obtained in XRD. This confirms that the phase
is indeed α′′ and not β.
210
Appendix B
Abbreviations
SE superelastic
SM shape memory
TEM transmission electron microscopy
SEM scanning electron microscopy
SXRD synchrotron X-ray diffraction
mβTi metastable beta titanium
SIP strain induced phase
Ms martensitic start temperature
Mf martensitic finish temperature
Md upper temperature limit of SIP
As austenitic start temperature
Af austenitic finish temperature
Md electronegativity
Bo bond order
e/a valence electron number per atom
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